CONF-9605167——
ORNL/FMP-96/1

U.S. Department of Energy
Fossil Energy
Advanced Research and Technology Development

QFCE’[VE‘@
0CT 29 190
Proceedings 0STy

of the
Tenth Annual Conference
On Fossil Energy Materials

May 14-16, 1996
Knoxville, Tennessee

Fossil Energy AR&TD Materials Program

OAK RIDGE NATIONAL LABORATORY
MANAGED BY
LOCKHEED MARTIN ENERGY RESEARCH CORP.
FOR THE
U.S. DEPARTMENT OF ENERGY
UNDER CONTRACT DE-AC05-960R22464

AROTLR :
IASTER  Dowt
Shghgg
Prognain




This report has been reproduced directly from the best available copy.

Available to DOE and DOE contractors from The Office of Scientific
and Technical Information, P. O. Box 62, Oak Ridge, TN 37831, prices
available from (423) 576-8401.

Available to the public from the National Technical Information
Service, U. S. Department of Commerce, 5285 Port Royal Rd.,
Springfield, VA 22161.

This report was prepared as an account of work sponsored by an agency of the United States
Government. Neither the United States Government nor any agency thereof, nor any of their
employees, makes any warranty, expressed or implied, or assumes any legal liability or
responsibility for the accuracy, completeness, or usefulness of any information, apparatus,
product, or process disclosed, or represents that its use would not infringe privately owned rights.
Reference herein to any specific commercial product, process, or service by trade name,
trademark, manufacturer, or otherwise, does not necessarily constitute or imply its endorsement,
recommendation, or favoring by the United States Government or any agency thereof. The views
and opinions of authors expressed herein do not necessarily state or reflect those of the United
States Government or any agency thereof.

< ,14;J




CONF-9605167
ORNL/FMP-96/1

PROCEEDINGS OF THE TENTH ANNUAL CONFERENCE
ON FOSSIL ENERGY MATERIALS

May 14-16, 1996
Knoxville, Tennessee

Compiled by
N. C. Cole and R. R. Judkins

Date Published: August 1996

Prepared by the
Department of Energy
Fossil Energy Office of Advanced Research
and
Oak Ridge Operations Office
AA 1510100

Prepared by the
OAK RIDGE NATIONAL LABORATORY
Oak Ridge, Tennessee 37831-6285
managed by
LOCKHEED MARTIN ENERGY RESEARCH CORP.
for the
U. S. DEPARTMENT OF ENERGY
under Contract DE-AC05-960R22464

DISTRIBUTION OF THIS DOCUMENT IS UNUMWED??







PREFACE

The Tenth Annual Conference on Fossil Energy Materials was held in Knoxville,
Tennessee, on May 14-16, 1996. The meeting was sponsored by the U.S. Department of
Energy’s (DOE) Office of Fossil Energy through the Advanced Research and Technology
Development (AR&TD) Materials Program. The objective of the AR&TD Materials Program is
to conduct research and development on materials for longer-term fossil energy applications as well
as for generic needs of various fossil fuel technologies. The management of the program has been
" decentralized to the DOE Oak Ridge Operations Office and Oak Ridge National Laboratory
(ORNL). The research is performed by staff members at ORNL and by researchers at other
national laboratories, universities, and in private industry. The work is divided into the following
categories: (1) structural ceramics, (2) new alloys and coatings, (3) functional materials, and
(4) technology development and transfer.

This conference is held each year to review the work on all of the projects of the program.
The final program for the fneeting is given in Appendix A, and a list of attendees is presented in
Appendix B.

These proceedings have been published from camera-ready mésters supplied by the
authors. All of the contributions have been checked for errors but have not been subjected to peer
reviews. However, most of the papers have already undergone technical review within the
individual organizations before submission to the Program Office.

The successful completion of the conference and publication of the proceedings has
required help from several people. The organizers with to thank Judy Fair for her superb
coordination work; Connie Tilley for her assistance with preparations for the conference; Gloria
Donaldson and Judy for their excellent work at the registration desk; Thelma Bonfoey for her help
in the many arrangements; and the numerous staff and support personnel associated with the
conference. Finally, we express our sincere appreciation to the authors whose efforts are the very

basis of the conference.
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FABRICATION OF FIBER-REINFORCED COMPOSITES BY
CHEMICAL VAPOR INFILTRATION
T.M. Besmann,* W.M. Matlin™, DP Stinton,*and P. K. Liaw**
*Oak Ridge National Laboratory, Oak Ridge, TN 37831
“Department of Materials Science and Engineering, Univers‘ity of Tennessee
Knoxville, TN 37996-2200

ABSTRACT

Processing equipment for the infiltration of fiber-reinforced composite tubes is being
designed that incorporates improvements over the equipment used to infiltrate disks. A
computer-controlled machine-man interface is being developed to allow for total control of all
processing variables. Additionally, several improvements are being made to the furnace that will
reduce the complexity and cost of the process. These improvements include the incorporation of
free standing preforms, cast mandrels, and simpler graphite heating elements.

INTRODUCTION

Fiber-reinforced silicon carbide matrix composites are a candidate for a number of high
temperature applications due to their high temperature strength, light weight, thermal shock
resistance and damage tolerance. However, in the current commercial isothermal, isobaric
chemical vapor infiltration process, thick parts are difficult to density. A leading alternative
process is forced chemical vapor infiltration (FCVI). In FCVI, a preform is placed in a reactor,
where one side is heated and the other side is cooled, resulting in a thermal gradient across the
preform. As the reactant gases pass through the preform they undergo a surface reaction,

resulting in the formation of a ceramic matrix and an effluent gas. In the case of SiC deposited

from chlorosilanes, the effluent gas has a poisoning effect on the reaction rate. This poisoning,




combined with the depletion of the reactant, tends to slow down the deposition rate. However,
since the gases are traveling toward the hot side of the preform their temperature increases,
resulting in faster deposition rates due to the Arrhenius behavior of the deposition reaction.
Control over deposition can thus be maintained by using the increase in temperature to offset
reactant depletion and effluent gas buildup.

Work at the Oak Ri(ige National Laboratory (ORNL) has shown that the time to infiltrate
4.45 cm diameter disks 1.27 cm thick can be reduced from 24 hours to less than 15 hours by
utilization of a two-step process [1]. This reduction in processing time is expected to result in
lower processing cost, thereby making the process more industrially feasible [2]. Additionally,
ORNL researchers have investigated the production of more industrially 'relevant shapes such as
tubes. Initially, 2.54 cm diameter tubes were made using furnaces originally designed for the
production of disks [3]. Based on the initial succésses of the 2.54-cm inner diameter, 0.64-cm
wall thickness tubes, a larger furnace was designed exclusively for the fabrication of tubes (F ig.
1). This furnace is designed to process tubes up to 10 cm in diameter and 30 cm in length. The
new furnace, as well, will incorporate a number of improvements based on the experience of

processing numerous disks and a few initial tubes.

PROCESS OPTIMIZATION THROUGH THE CONTINUAL CONTROL OF
PROCESSING VARIABLES
As demonstrated in the two-step FCVI process, significant time savings can be achieved

through the proper control of thermal gradient, reactant concentration, total gas flow, and




pressure. The two-step process does not represent the end of process optimization, but an initial
step. In the ideal case, processing conditions would be varied continuously in response to the
continually changing pore structure within the preform. A LabView™-based process control
system is being designed that will allow for the complete control of reactant and carrier gas flow
rates as well as preform hot-side temperature. Each of these variables can be controlled as a
function of time, thereby allowing the investigation of more complex process optimization

schemes. Figure 2 is a schematic of the FCVI system and controls.

Heating Element Sight Ports

Reactant _j23 Exhaust

Inlet
Cooling
Water / Air
10 cm I i
> [ . Water Cooled
Thermocouples Furnace Shell

Figure 1. Scale-up furnace for the fabrication of tubular composites.
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Figure 2. Flow diagram and controls for the scale-up FCVI system for preparing tubular
composites.

At the heart of the system is a Power Macintosh 7100/80 containing a four port serial
card and a Lab - NB data acquisition card running LabView 3.1.1. Carrier gas flow is controlled
through the use of a serial connection between the LabView computer and mass flow controllers.
Liquid methyltrichlorosilane (CH;SiCl; or MTS), at room temperature and pressure is pumped
from a storage container to a vaporizer using a peristaltic pump. In a manner similar to the
control of the carrier gas, LabView is used to send a set point to the peristaltic pump thereby
controlling the flow of reactant into the system. As an additional method of control the MTS
container is placed on a electronic balance with a serial port. In this way an accurate
measurement of reactant flow can be maintained by continually monitoring the reduction in
container weight using LabView.

The final area of control is preform temperature. The system has two methods for




controlling preform temperature. The first method is through the use of an Ircon Modline Plus
optical pyrometer. Additional monitoring of preform temperature can be accomplished through a
thermocouple which can be placed on the cool side of the preform to monitor the thermal

gradient..

IMPROVEMENTS IN THE TUBE FURNACE DESIGN

The transition from processing relatively simple shape preforms such as disks to more
complicated shapes such as tubes requires alternate design furnace internals. In order to
effectively infiltrate composites using FCVI, four criteria must be met; a pressure differential
must be established across the preform, a thermal gradient must be established across the
preform, reactant and carrier gases must be introduced to the high pressﬁre, cool-side of the
preform, and effluent gases must be removed from the low pressure hot side of the preform.

The pressure differential in the disk furnace is achie;/ed by allowing a water-cooled
injector to be pressed against the bottom of the preform holder. A graphite foil gasket is placed
between the holder and the injector to ensure a relatively gas-tight seal. The holder is held in
place by ridges inside the coating chamber. In addition to positioning the preform within the
furnace, the coating chamber also serves to protect the heating element, which resides outside
the coating chamber, from overcoating by SiC. A preform hot side temperature can be measured
and controlled by sighting an optical pyrometer down the inside of the coating chamber and
focusing on the top of the preform. Once the correct preform hot-side temperature is established

the correct thermal gradient can be fixed by varying the materials and distance between the
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preform and the water-cooled injector. The further away from the injector and the lower the
thermal conductivity of the spacer material the higher the cool-side temperature. Finally, the
reactant gases are directed to the cool-side of the preform by flowing them through the inside of
the water-cooled injector.

Since this furnace design served the production of disks so well it was adapted for the
production of tubes. However, the first tube infiltration revealed a number of areas which
required improvement. In the production of disks the graphite holder became bonded by
deposited SiC to the preform during the FCVI process. At completion, the holder must be
machined from the part. While this works well in the case of disks where the preform is
surrounded by the holder, it does not work as easily with tubes since the mandrel is surrounded
by the preform. It is also difficult to form a gas-tight seal between the mandrel and the cooled
injector. Without such a seal a pressure differential can not be imposed across the preform. Lack
of a tight seal has two negative results. It becomes impossible to achieve ﬁigh final preform
densities and there is a large loss of reactant through deposition on the inner walls of the furnace
and through exhaust from the furnace.

As a solution to these difficulties, methods of removing the graphite mandrel were
investigated. Initially, the use of more easily machinable mandrel material, such as carbon
bonded carbon fiber were investigated. However, it was recognized that the ideal situation
would being able to process the preform without the use of a mandrel. With the assistance ,of
researchers at the 3M Company’s Research and Development Center, a process for rigidizing

tubular preforms was adapted for the current system. While originally developed as a method to




rigidize thin, hot gas filter preforms, the method works equally well for thicker preforms. In the
3M process, the preform is immersed in a dilute phenolic resin soluﬁon. The impregnated tuiae is
then removed from the solution, dried, and cured, resulting in a rigid preform. When ﬁrgd to
FCVI process temperatures, 800°C - 1200°C, the phenolic resin pyrolyzes, leaving a thin carbon
layer. It is speculated that this carbon layer bonds the individual fibers together where the fibers
contact each other, thereby explaining the limited strength of the after fired tubes.

Without the use of a mandrel, another approach to forming of a gas tight seal is needed.
Casting the preform to the cooled injector was attempted since it was simple, inexpensive, and
likely effective. In this method a high-alumina castable refractory was used to fix the preform
directly to the injector, thereby positioning the preform a specific distance from the injector and
creating a gas tight seal. Tailoring the thermal gradient can still be achieved by positioning an

insulating sleeve of material between the injector and the preform.

Figure 3. Various Nextel™ fiber tubes rigidized with phenolic resin.




Rather than supplying reactant to the cool-side of the preform by running the gases inside
the injector, as is done in the smaller units for preparing disks, penetrations through the cast end
caps were used to allow the reactant gases to be routed to the inside of the preform. This method
greatly simplifies the injector design and eliminates any welds from being exposed to the highly
corrosive environment within the furnace.

Finally, one of the most critical process parameters in FCVI is the thermal gradient, and
therefore the cool- and hot-side temperatures. Hot-side temperatures are relatively easily
controlled via power to the furnace. Cool-side temperature control is more problematic. Current
efforts to improve control of the cool-side temperature in the scale-up tube furnace involve
variability in the injector coolant. The injector system has been designed to allow for water,
high-temperature oil (silicone), or air cooling. Previous experience in the smaller tube
fabrication systems has indicated that maintaining a sufficiently high inner diameter temperature
is difficult. It is thus expected that alternate cooling media will allow greater control over the

thermal gradient and allow higher inner diameter temperatures to be used.
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TRANSPORT PROPERTIES OF CERAMIC COMPOSITES

T.L. Starr and N. Hablutzel

School of Materials Science and Engineering
Georgia Institute of Technology
Atlanta, Georgia 30332-0245

Instrumentation and procedures have been completed for measurement of gas
permeability and mass dilfusivity of fiber preforms and porous materials. Results are
reported for composites reinforced with Nicalon fiber in cloth lay-up and 3-D weave
and with Nextel fiber in multi-layer braid. Measured permeability values range from
near 100 to less than 0.1 darcies. Mass diffusivity is reported as a structure factor
relating the diffusion through the porous material to that in free space. This measure
is independent of the diffusing species and depends only the pore structure of the
material.

Measurements are compared to predictions of a node-bond model for gas
. transport. Model parameters adjusted to match measured transport properties relate to
physical microstructure features of the different architectures. Combination of this
transport model with the CVI process model offers a predictive method to evaluate the
densification behavior of various fiber preforms. )

INTRODUCTION

The success of chemical vapor infiltration (CVI) for ceramic matrix composites is
strongly controlled by the mass transport properties of the preform and of the partially
densified composite. These propertics include gas permeability and mass diffusivity (effective
diffusion coefficient), and depend on the density and microstructure of the composite. While
gas permeability is the critical factor for forced flow CVI, mass diffusivity is a conﬁollﬁg
property for isothermal CVI and may be important for coating or finishing processes designed
to produce oxidation resistance or gas tightness in ceramic composite components. This
effort involves experimental measurement of transport properties and model development for

prediction of these properties and of densification performance.
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MASS TRANSPORT MEASUREMENTS

The apparatus for measurement of gas permeability and mass diffusivity is shown
schematically in Figure 1 and photographically in Figure 2. A specimen of preform or porous
composite, mounted in an aluminum ring, is held in the specimen chamber with o-ring seals
top and bottom. The two sides of a differential pressure (DP) gauge (MKS Instruments) are
connected to the volumes above and below the specimen. Helium gas flows through a mass
flowmeter (MKS Instruments) into the chamber below the specimen. The apparatus includes
two different DP gauges ( 0-10 and 0-200 torr) and two different flow meters (0-20 and 0-200
sccm) to allow accurate measurements over a wide range of permeabilities. The 4-port valve
v7 can be switched to connect together the two ends of the DP gauge to allow checking of the
gauge zero point reading.

-For permeability measurements, only valves v1-v3 are open. The helium gas flow rate
is adjusted using the needle valve vl and the differential pressure across the specimen is
recorded for each flow level. The gas permeability is calculated from a linear fit to the flow
vs. pressure data, the specimen dimensions and the viscosity of helium. A typical plot of
measured data and the resulting fit is shown in Figure 3. The estimated standard error for
these measurements, based on the goodness-of-fit, is often as low as 1-2% of the permeability
value.

For mass diffusivity, valves v4-v6 are opened producing flow of a helium-10%
methane mixture across the top face of the specimen and of pure helium across the bottom
face. Any methane passing through the specimen is measured using the gas chromatography,
thermal conductivity-type detector TC. Over a small range near zero differential pressure the
concentration of methane through the detector depends on both convection and diffusion,

proportional to the expression,

where U is the linear velocity of the gas.through the specimen which is calculated from the

known gas permeability and the pressure difference, P, is the Peclet number UL/D, L is the
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thickness of the specimen and D is the mass diffusivity (cm?/s). Fitting this curve to the
measured data gives the mass diffusivity (Figure 4). This value is converted to a
dimensionless diffusion factor by dividing by the handbook value of the free space diffusion
coefficient for methane in helium’®, 0.748 cm?s. This diffusion factor relates to the amount
and tortuosity of the open porosity in the specimen. Recent measurements include Nicalon
fiber cloth layup and 3-D weave, and Nextel fiber braid. Values of gas permeability and

diffusion factor for these materials are given in Table 1.

Table 1. Measurements of permeability and mass diffusivity.

specimen density permeability | diffusion

ID description (g/em®) (fraction) (darcy) factor

Ni30-1 Nicalon 0/30/60 1.02 0.40 12.0 .047
layup

Ni45-1 Nicalon 0/43 layup 1.02 0.40 9.1 031
Ni90-1 Nicalon 0/90 layup 1.02 0.40 11.7 .047
Ni90-3 | Nicalon 0/90 layup 1.02 0.40 8.2 044
C885-1 CVI Nic 0/30/60 1.89 0.65 1.86 .0026
C885-2 CVI Nic 0/30/60 1.93 0.67 1.30 .0053
C885-3 CVI Nic 0/30/60 1.89 0.65 1.70 .0026
C889-2 CVI Nic 0/30/60 2.09 0.72 3.54 .024
C227a CVI Nic 0/30/60 1.96 0.68 266 .002
C227¢ CVI Nic 0/30/60 245 0.85 3.19 nd
C559g | CVINic 3-D weave 2.04 0.70 0.50 .0094
C559-1 | CVI Nic 3-D weave 2.29 0.79 ) ©
C559-3 | CVI Nic 3-D weave 2.23 0.77 ) ©
Nex-1 Nextel braid 0.99 0.37 253 .056
Nex-2 Nextel braid 0.89 0.33 19.0 .063

1 darcy = 10”® cm? ; nd= not determined; (0) = no flow detected through specimen
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Figure 5. Node-bond model approximates structure of woven fiber preform.

MODELING OF MICROSTRUCTURE AND MASS TRANSPORT

In order to better understand the relationship between transport properties and fiber
architecture we have developed a node-bond model®>. Woven and braided fiber structures are
constructed using tows or yarns of 500-5000 individual filaments. While the fine porosity
between filaments in the tows constitutes approximately half of the total porosity, it is the
coarser porosity between tows that carries the gas flow through the composite. We model this
structure as a network of nodes and bonds as shown in Figure 5. The average dimensions of
the nodes and bonds, and their variability are determined by the weave structure. These
dimensions are used to calculate permeability and diffusivity of the network. During CVI the
pores fill in a progressive manner with increasing deposit thickness. When a particular
fraction of the bonds are closed - the percolation limit - mass transport through the structure
cannot continue and the composite has reached its ultimate density.

By selecting values for the bond and node dimensions, this model fits experimental

measurements of gas permeability for cloth layup and 3-D weave preforms and composites
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(Figures 6 and 7). The dimensions in the model for the cloth layup preform are consistent
with microstructure ﬁxeasurements using high resolution X-ray computed tomography®. The
3-D weave becomes impermeable at a lower density tilan the cloth layup due to its initially
lower fiber volume fraction (32%) and to the relatively large size of the "holes" at tow

crossings.
DENSIFICATION PERFORMANCE OF PREFORMS

In addition to the transport properties, the model gives the composite density as a
function of matrix deposit thickness. For different preforms the deposit thickness needed to
reach the percolation limit is a relative measure CVI processing times. For the cloth layup
and 3-D weave preforms above the maximum deposit thicknesses are 85 and 120 pm
respectively. Thus under similar process conditions the 3-D weave preform will require
approximately 50% greater processing time. This result is consistent with the limited
experience at ORNL in densification of 3-D weave preforms.

It is desirable to use this model to predict the densification performance of new,
untried preforms. Of current interest is a multilayer braid of Nextel fiber used to make free-
standing tube preforms®. Our approach involves three steps: 1) select model parameters
based on examination of the tow and layer spacings in the preform, 2) confirm model
parameters by comparison with experimental permeability measurements on the preform, and
3) predict densification performance using these model parameters. This procedure, combining
modeling and experimental measurement, may offer a reliable method for quickly testing the
densification performance of various preform architectures prior to infiltration experiments.

Initial application of this method to the Nextel braid fiber architecture indicates
densification behavior similar to that of the 3-D weave, i.e. longer processing times than for
cloth layup preforms. Additional permeability measurements - particularly for the 3-D weave

preform - are needed to fully tested this predictive approach.
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Figure 6. Model shows good agreement with experimental permeability for cloth layup
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SUMMARY

Instrumentation and procedures have been completed for measurement of gas
permeability and mass diffusivity of fiber preforms and porous materials. Permeability results
for composites reinforced with Nicalon fiber in cloth lay-up and 3-D weave architectures are
consistent with a node-bond model. Measured permeability values range from near 100 to less
than 0.1 darcies. Mass diffusivity is reported as a structure factor relating the diffusion
through the porous material to that in free space. These values clearly are correlated closely
with the permeability values.

Measured values of gas permeability for the fiber preforms can be used to validate the
parameters in the transport property model. In turn, the model can be used to predict the
densification behavior of new, untried preforms. Additional measurements are needed to

confirm this predictive approach to CVI performance.
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JOINING OF SiC CERAMICS AND SiC/SiC COMPOSITES

B. H. Rabin

Idaho National Engineering Laboratory
P.O.Box 1625
Idaho Falls, ID 83415-2218

ABSTRACT

This project has successfully developed a practical and reliable method for
fabricating SiC ceramic-ceramic joints. This joining method will permit the use of SiC-
based ceramics in a variety of elevated temperature fossil energy applications. The
technique is based on a reaction bonding approach that provides joint interlayers
compatible with SiC, and excellent joint mechanical properties at temperatures exceeding
1000°C. Recent emphasis has been given to technology transfer activities, and several
collaborative research efforts are in progress. Investigations are focusing on applying the
joining method to sintered o-SiC and fiber-reinforced SiC/SiC composites for use in
applications such as heat exchangers, radiant burners and gas turbine components.

INTRODUCTION

SiC ceramics have considerable potential as elevated temperature structural
materials in fossil energy applications. Ceramic-to-ceramic joining methods are needed
to allow the fabrication of large or complex shaped parts, and ceramic-to-metal joining
methods are needed to allow integration of ceramic components into existing engineering
systems. Although considerable efforts have been devoted to understanding the
processing, microstructures and properties of SiC-based structural materials, joining
remains largely an unresolved issue, particularly with respect to elevated temperature
applications. Ideally, joined components should exhibit mechanical properties (including
reliability), elevated témperature capabilities and environmental resistance comparable to
the base material. Furthermore, the joining method should be practical, cost effective and
applicable to different types of SiC ceramics, including SiC fiber-reinforced composites.

This project has successfully developed a reaction processing method for
fabricating SiC ceramic-to-ceramic joints [1,2]. The processing method involves tape
casting thin sheet SiC+C interlayer precursors, clamping the tape between the SiC parts,
and infiltrating the joint with molten Si to form a reaction bonded silicon carbide (RBSC)
joint interlayer. This method is attractive since the interlayer material is compatible with
SiC, and excellent room and elevated temperature mechanical properties can be achieved.
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In addition, as with brazing, external pressure is not required, thus making the process
inexpensive and practical compared to alternative joining methods. Details of the joining
procedure as well microstructural and mechanical property characterization results have
been described previously [1,2]. This paper reports on recent laboratory efforts to
improve the joining process, as well as the status of technology transfer efforts.

PROGRESS STATUS

Laboratory Joining Studies

The applicability of the joining method for producing a variety of joint geometries
has been demonstrated in previous work [3]. Figure 1 shows examples of several joined
structures that were fabricated from sintered o-SiC using the laboratory scale localized
induction heating apparatus at INEL. Of particular interest is the ability to fabricate tube-
to-tube joints, since lon;g ceramic tube structures are required in applications such as heat
exchangers and radiant burners.

,—— Hexoloy* SA simtered ¢-SiC
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Figure 1. Examples of joined o-SiC structures produced using the
reaction processing method developed under this project.
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Recently, laboratory experiments have been directed at (1) improving the tape
casting formulation to minimize the free Si content of the SiC+Si interlayer joints, and (2)
using Si-Mo alloyed melts to produce SiC+MoSiy joint interlayers containing little or no
free Si. .

A variety of different tape cast formulations have been prepared wherein the ratio
of SiC-to-C powder was varied, as well as the binder content. As in the case of
commercial bulk RBSC fabrication [4,5], it is necessary to optimize particle packing so
that, after binder burnout, the density of the mixture is close to the calculated theoretical
value that results in complete densification, no dimensional change, and minimum free Si
content after the Si+C reaction is complete. In general, the processing of defect-free
SiC+C tape cast products typically requires higher binder contents than the extrusion of
SiC+C mixtures used in commercial RBSC manufacturing. Through careful control of
particle sizes, and use of appropriate surfactants and dispersion techniques, suitable tapes
can be produced. Currently, the new tape cast formulations being investigated are
considered proprietary.

Si-Mo alloys containing 3 wt.% and 6 wt.% Mo were prepared by arc melting.
The ingots were crushed in 1-3 mm pellets and used to infiltrate the standard SiC+C tape
cast precursor. The presence of MoSij in the joints was confirmed using x-ray diffraction
(XRD) and energy dispersive spectrometry (EDS), demonstrating that MoSiz can be
formed in joints, as has previously been demonstrated in bulk RBSC ceramics [6,7].
However, the volume fraction of MoSis obtained in the joints was well below that
required to eliminate all free Si from the interlayer. This is a direct result of the excess
quantity of free Si present in these joints. It is expected that this problem will be
eliminated through optimization of the tape casting process to minimize the Si content in
joints produced without Si-Mo melts.

Technology Transfer Activities

Table 1 lists the ongoing active industrial collaborations and the associated
applications being explored for the use of the SiC joining technology developed in this
research program.

s
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industrial potential project
partner material applications status
DuPont Lanxide CVI SiC/SiC | gas turbine components, | initial specimens joined
Composites, Inc. heat exchangers, radiant | and tested, detailed
burners studies in progress
Allied-Signal a-SiC ceramic air heater for | Phase I completed,
Aerospace HITAF Phase II approved for
' scale-up demonstration
Stone & Webster | a-SiC ethylene cracking, equipment
steam reforming modifications in
progress,
Amercom, Inc. S1C/SiC gas turbine components, | investigating
heat exchangers, radiant | applicability to the
burners material
Textron Specialty | NBSC gas turbine components, | investigating
Materials, Inc. heat exchangers, radiant | applicability to the
burners material
Dow Corning SiC/SiCN gas turbine components, | investigating
chemical pump applicability to the
material

Table 1. Active Industrial Collaborations and Potential Uses for SiC Joining Technology

Cooperative work with DuPont Lanxide Composites, Inc. is in progress to apply

the joining technique top CVI SiC/SiC composites. Preliminary shear lap joints were

fabricated from both coated and uncoated specimens, and room temperature mechanical
testing was carried out. In some joints failure initiated within the excess free Si adjacent
of the joint, and crack propagation occurred through the composite material. Failure did
not occur at the interface, indicating excellent bond strength was achieved. Joint
strengths were ~35 MPa, approximately half the value expected for the composite
material. Work is in progress to determine if the joining process significantly degrades
composite properties, and additional mechanical testing and failure analysis are in
progress. A presentation describing these results was recently given at the 26th Annual -
Conference on Composites and Structures held in Cocoa Beach, FL, January 14-17, 1996.
Phase II activities have been defined in collaboration with Allied Signal
Aerospace Corp., a subcontractor to Foster Wheeler Development Corp., involved in the
development of the Ceramic Air Heater for the DOE High Temperature Advanced
Furnace. The Phase II work, funded under the High Performance Power Systems
Program through DOE-PETC, is expected to being in the near future. This work will
involve fabrication and elevated temperature high pressure testing of o-SiC tube-to-tube
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joints, and demonstration of the ability to fabricate a subscale tube-manifold assembly in
cooperation with Carborundum. : ‘
Work has recently been initiated in cooperation with Stone & Webster
Engineering Corporation to investigate fabrication of long o-SiC tube assemblies for use
in ethylene cracking applications. Preliminary testing of joints in simulated cracking
environments will be conducted in collaboration with ORNL. Subsequently, actual

tubular assemblies will be fabricated for pilot testing by Stone & Webster.

SUMMARY

Reaction processing methods have been developed for fabricating SiC-to-SiC
joints for potential use at elevated temperatures. Laboratory studies are focusing on
optimizing the tape casting process to produce joints containing a minimum of free Si,
and on producing SiC+MoSis interlayers using alloyed Si-Mo melts. Technology
transfer activities are continuing.
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DEVELOPMENT OF NONDESTRUCTIVE EVALUATION METHODS
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ABSTRACT

Nondestructive evaluation (NDE) methods using three-dimensional microfocus X-ray
computed tomographic imaging (3DXCT) were employed to map axial and radial density
variations in hot-gas filters and heat exchanger tubes. 3D XCT analysis was conducted on
() two 38-mm-OD, 6.5-mm wall, SiC/SiC heat exchanger tubes infiltrated by CVT; (b) eight
10 cm diam. oxide/oxide heat exchanger tubes; and (c) one 26-cm-long Nextel fiber/SiC
matrix hot-gas filter. The results show that radial and axial density uniformity as well as
porosity, can be assessed by 3D XCT. NDE methods are also under development to assess
thermal barrier coatings which are under development as methods to protect gas-turbine first-
stage hot section metallic substrates. Further, because both shop and field joining of CFCC
materials will be necessary, work is now beginning on development of NDE methods for
joining.

INTRODUCTION

Nondestructive evaluation (NDE) technology is being developed to advance the reliable
application of ceramic materials to fossil energy systems for improved efficiency and better
environmental control. Advanced materials systems under development for fossil energy
applications include continuous fiber ceramic matrix composites for hot-gas filters and heat-
exchangers and thermal barrier coatings for high gas-firing temperature turbines.
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DISCUSSION OF CURRENT ACTIVITIES

H Fil Heat Exchange

(@) Hot Gas Filters

For hot-gas filter and heat exchanger studies, high spatial resolution 3DXCT methods
have been explored.(1-3)

One 38 mm O.D. nextel fiber/SiC matrix hot-gas filter supplied by 3M, was examined
at 25 mm intervals along the 26 cm length with data acquired using the ANL 3DCT
scanner(2) . The CT images were reconstructed in a 687 x 687 matrix, using 1053
projections with a pixel size of 85 pum x 85 pm, and six rows were averaged or a slice
thickness of .51 mm. At each 25 mm section 14 slices were reconstructed. Image
reconstructions were done using a newly installed 133 MHz dual pentium computer which
has allowed faster reconstruction times. The 32-bit reconstruction files are rescaled to 8-bit
scaled data for input to a 3D image display software, IDL, from Research Systems, Inc. This -
runs on Windows 95 in a separate 150 MHz pentium. However, a software package was
written which speeds the input to the IDL software so that density related information can be
determined.

Using these methods, hot gas filters have been analyzed for axial density variations as
shown in Fig. 1. These data were obtained by using an in-house written software package
which allows the average grayscale for each CT slice to be computed. A typical individual
CT cross-section is shown in Fig. 2.

Once the 3D data sets (image and histograms) are obtained, the grayscale threshold can
be set to allow any particular part of the filter tube viewed in 3D. This could allow
quantification of 3D density variations by looking at before and after operation data.
Examples are shown in Fig. 3. Figure 3 shows: a) the image of the outer mesh of the 3M
hot gas filter; b) the internal wall (refer to Fig. 2a; white inner 1ing).

By such analysis, volumetric analysis of trapped material in hot gas filters may be
accomplished.
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Fig. 2. Typical X-ray CT cross section through the 3M hot-gas filter and corresponding
gray-scale histogram. Note the high-density inner fabric. (a) CT image. (b)
Histogram.
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(a) (b)

Fig. 3. Volumetric 3D X-ray CT analysis of 3M hot gas filter. a) Verification of detection
of outer mesh. b) Inner surface.

b) Heat Exchangers

For the heat exchanger studies, 3DXCT methods were again explored. Two sets of
specimens were available: set 1 consisted of eight 10 cm diam. by 10 cm long specimen
provided by Oak Ridge National Laboratory (ORNL). These heat exchanger tubes were
provided to ORNL by Babcock & Wilcox and had been exposed to conditions used in the E.
I. DuPont hazardous waste incinerator. The specimens for NDE had been cut from 1.5 m
long tubes. These specimens are identified in Table 1. Note that specimen AR is an as-
received (unexposed) specimen. Set two (see Table 2) consisted of 2 CVI SiC/SiC
specimens provided by Virginia Polytechnic Institute (VPI) with considerably different fiber
architecture. Tube I appears to be a 3D weave. Tube II appears to be a 2D layup with 45°
rotations between plys.

While the NDE work conducted so far consisted of analysis using X-ray CT data

acquisition, future work will evaluate air-coupled ultrasonic methods and thermal imaging.

Throughwall Density Variations Including Delamination Detection

3DXCT data were acquired at various locations along the axial length of each of the
10 cm long sections from Set 1. At various azimuthal locations at any axial position,
through-wall "line plots" were taken to establish the extent of throughwall density variations.
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Table 1. Ceramic Heat Exchanger Tubes Used in NDE Study

Tube Wall Exposure Visual Materials Manu- | Exposure
D Diam | Thickness Position Observations facturer Period
(in) (mm)
1 4 32 Rightside | Helically wound Nextel 610 | B&W 8 weeks
Frontrow | fibers fibers
zirconia
matrix
3 “ 6.35 Centerof | Hoop wound fibers | Almax B&W | 27 weeks
Centerrow | on surfaces, fibers
helically wound zirconia
internal fibers, matrix
thermocouples on
tube
4 “ “ Center of Hoop wound fibers | PRD166 B&W | 27 weeks
Rear row on surfaces, fibers
helically wound zirconia
internal fibers, matrix
some unbonded
layers visible
5 « « Left side Hoop wound fibers | PRD166 B&W 27 weeks
Rear row on surfaces, fibers
helically wound | zirconia
internal fibers, matrix
some unbonded
layers visible
6 «“ « Rightside | No evidence of SiC DLC 27 weeks
Centerrow | fibers particles
alumina
matrix .
7 * « Rightside | Appearsto be Type B DLC 8 weeks
Rear row helically wound mixed
. fibers, ~3/8” repeat | oxides
9 « « Left side Appears to be Type B DLC 8 weeks
Center row | helically wound mixed
fibers, ~3/8” repeat | oxides
AR « « Unexposed | Hoop wound PRD166 B&W None
fibers, some fibers
unbonded layers zirconia
matrix

DLC =DuPont Lanxide Composites

B&W = Babcock & Wilcox

This includes detection of delaminations. A delamination, clearly visible by inspection,
was detectable. 3DXCT analysis, see Fig. 4, shows (see position b) that the visible crack is
clearly detected whereas "c" position show only a slight density variation.
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Table 2. CVI SiC/SiC Heat Exchanger Tubes for NDE

Tube ID Diam Wall Length Remarks
(ANL) - (mm) Thickness (mm) (cm)
I 38 6.35 18.9 Appears to be a 3D braided fiber
architech
I - 38 6.35 20.3 Appears to be 2D layup
45° interlayer rotation

Fig. 4. X-ray CT analysis of heat exchanger tube 6, showing throughwall density profiles
at 3 azimuthal positions. Note the delamination detection at location "b".

We conducted similar analysis of the as-received PRD66 hoopwound fiber specimen
and again detected delaminations in the wall. |

A software package was also developed which allows study of the density variation at
any location through the wall using CT axial cross-sections. An example is shown in Fig. 5
for tube 1. Note that at each radial position a 360° density map is determined. The density
variations are very small for this particular example.

Axial Density Variations

To establish axial density variations along the tubes, the new software package was
used which allows total average density for any CT cross section as a function of axial
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@

Fig. 5. X-ray CT sectional image of tube 1 and corresponding 360° density profiles at any
position through the wall thickness. a) X-ray CT cross-sectional image. b) five
360° density plots at 0.95, 1.90, 2.85, 3.80 and 4.75 mm from the outer wall.

position to be obtained. Thus density as a function of axial position can be plotted for any
CT data set obtained. The axial density analysis is shown in Fig. 6 for the two CFCC
specimens of Set 2. The density range for the 3D braid is 1.98 to 2.29 g/cc with a mean of
2.15 g/cc while the 2D laminate is 1.87 to 2.50 with a mean of 2.35 g/cc.

Argonne has a new CT facility which will allow 2-2.5 m long tubes to be studied by
CT. In addition, a new air coupled ultrasonic system is now being studied for detection
sensitivity for CFCC materials part of the CFCC program. This NDE method will also be
examined for applicability to hot-gas filter and heat exchanger tubes.

Thermal Barrier Coatings

Thermal barrier coatings (TBCs) are a key materials element to allow upgrading of
turbine gas-firing temperatures and subsequent hot-stage sections for evolutionary turbine
materials such as superalloys. The mechanical integrity of these TBC’s depends on careful
control of the microstructure as well as the bond coat which is used to join the TBC to the
alloy substrate.
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Fig. 6. Axial density profiles for two CVI SiC/SiC CFCC heat exchanger tubes. (a) 3D
weave. (b) 2D laminate.

For fossil energy applications, e.g., coal-gas-fired turbines, high temperatures and
long-term exposures increases the likelihood of spallation of the TBC and subsequent turbine
blade failure. Key development issues for TBCs include: a) reliability of bond coat interface,
b) thermal expansion characteristics of the TBC and c) thermal conductivity across the TBC
thickness.

For the thermal barrier coating studies, this NDE work initially concentrates on two
methods: a) a non-contact, non-invasive method called Time-Resolved-Infrared-Radiometry
(TRIR).(4:5) and b) elastic optical scatter.® In the TRIR method (see Fig. 7), a thermal
excitation source and a high sensitivity, high frame rate infrared camera are located on one
side of the thermal barrier coating. The thermal excitation source can be a high energy flash
lamp (we have a 1.6 Kj lamp) or a scanning laser. The thermal pulse applies a heat source
which penetrates the TBC and reflects off the bond-coat (may reflect off bond coat-substrate
interface depending on wave-length of excitation). The reflected thermal “pulse” is then time-
dependent recovered by the infrared camera and the individual full-field thermal frames are
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Fig. 7. Schematic diagram of one-sided time-resolved-infrared radiometry method. Note:
Schematic shows two defect types: a) disbond, b) vertical crack.

stored in a digital computer. For a disbond of the coating, the temperature rise detected by
the camera is much higher as the input heat pulse is not absorbed in the substrate.

Joinin

Ceramic-to-ceramic joining methods are usually necessary both for shop fabrication of
complex shaped parts and for field repair. There are several potential joint architectures as
shown in Fig. 8. These include lap joints, socket flange, straight socket and conical joints.(7)

Rabin et al.(8:9) of Idaho National Engineering Iaboratory (INEL), have been
developing joining methods as part of this program. They have been primarily focusing on
tape casting sheets of SiC + C precursor, clamping the tape between the parts to be bonded,
and then infiltrating with molten Si to form a reaction bonded silicon carbide (RBSC) joint
interlayer.

Regardless of the method used for joining, NDE methods are necessary to establish the
* completeness and quality of the joint. The development of NDE methods to study joint
quality is the focus of this part of the NDE work.

For the SiC/SiC NDE joining studies, efforts are concentrating on CFCC materials and
this work is being conducted in cooperation with the CFCC program. Cooperative efforts
have been established with DuPont Lanxide Composites (DLC) as well as Dow-Corning and
with INEL.
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Fig. 8.  Schematic diagrams of several possible CFCC joint configurations.
Lap-joint specimens have been received from DLC as noted in Table 3 bélow.

Table 3. Lap joint CVI CFCC SiC/SiC specimens for NDE

Specimen Specimen Specimen Comments
Number Length Thickness
4U-1B-1 41 mm 3 mm Lap joint at midpoint length Lap joint
=15 mm long
3C-1B-1 43 mm 3 mm Center lap joint
. Lap joint = 14 mm long
3C-2A-1 42 mm 3 mm Center lap joint unknown
Lap joint length: estimate
: 13-14 mm
2AC 42 mm 3 mm Center lap joint unknown
Lap joint length:estimate
13-14 mm
3U-2A-5 42 mm 3 mm Center lap joint
Lap joint =13 mm long

Metallic Si flashing on the specimens was removed by a diamond grit grinding wheel.
Several NDE studies will be conducted on these and subsequently mechanical property data
will be obtained. NDE studies will include, thermal infrared studies, air-coupled through-
transmission ultrasonic studies, pulsed multi-frequency eddy-current and microfocus
through-transmission X-ray imaging. As field repairs will be part of joining, NDE methods
are being developed which have field application potential.
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EFFECTS OF FLAWS ON FRACTURE BEHAVIOR OF STRUCTURAL CERAMICS

I.P. Singh, D. Singh, and M. Sutaria

Energy Technology Division
Argonne National Laboratory
Argonne, Illinois 60439

ABSTRACT

We evaluated the effects of fiber coating thickness, fiber orientation, and elevated
temperature on flaw morphology and mechanical properties of Nicalon-fiber—reinforced SiC
matrix composites with fiber cloth lay-up sequences of 0°/45, 0°/20°/60°, and 0°/40°/60° and
fiber coating thicknesses of 0.2 and 0.4 pm. For the three fiber cloth lay-up sequences
(0°/45°, 0°/20°/60°, and 0°/40°/60°), mechanical property (first matrix cracking stress,
ultimate stress, and work of fracture) initially increase with coating thickness and reach peak
values at a coating thickness of 0.2 pm. A further increase in coating thickness does not
result in further improvements in mechanical properties; this is related to the role of coatings
in protecting fibers from damage during composite processing. Measured values of strength
and work-of-fracture of the above composites at elevated temperatures increased with
temperature up to 1200°C, but decreased at higher temperatures. This decrease is correlated
to in-situ fiber strength and fiber/matrix interface degradation.

Correlations between model prediction and measured room-temperature ultimate strength of
composites with 0°/45° and 0°/40°/60° lay-up sequences were established by using in-situ
fiber strength characteristics.

The failure modes and degradation mechanisms in hot-gas filters and ceramic composite
joints are being characterized by the mechanical and fractographic evaluation techniques
established thus far. Correlation of these results with those of nondestructive evaluation can
provide critical information for improved quality control.

INTRODUCTION

Continuous fiber—reinforced ceramic matrix composites (CFCCs) are being pursued as
materials for structural applications in various industries, including automotive, aerospace,
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and utilities, chiefly because of their combination of high strength and toughness at both room
and elevated temperatures.l-2 It has now become clear that the mechanical response of
CFCCs, for a fixed fiber content, is largely controlled by intrinsic composite parameters,
including strengths of the reinforcing fibers and matrix,3:4 fiber/matrix interface charac-
teristics,%.6 and fiber architecture. Therefore, effort is continuing on the evaluation of the
effects of fiber cloth lay-up sequence, fiber/matrix interface, and high-temperature envi-
ronments on flaw generation and resulting mechanical properties of reinforcing fibers and
composites.

SPECIMEN FOR FRACTURE STUDIES

To evaluate the effects of fiber cloth lay-up sequence and elevated-temperature service
environments on flaw generation and resulting mechanical properties, Nicalon-fiber-reinforced
SiC matrix composites fabricated by chemical vapor infiltration (CVI) with various cloth lay-
up sequences and fiber coating thicknesses were obtained from Ceramic Composites, Inc.
(MD). To date, composites with fiber lay-up sequences of 0°/45°, 0°/20°/60°, and 0°/40°/60°
and with carbon coating thicknesses of 0-0.4 m have been evaluated. Fiber content in the
final composite was =40 vol.%. These composites were received in plate form and used to
machine rectangular bars (=3 x 4 x 40 mm). The tensile edges of the test bars were bevelled
to eliminate stress concentrations and thus avoid edge failures. Density was measured by the
Archimedes principle. Approximately five specimens were tested per condition. '

ROOM- AND ELEVATED TEMPERATURE MECHANICAL PROPERTY
EVALUATIONS AND CORRELATIONS WITH FIBER ARCHITECTURE

Flexure testing in a four—point-bend mode was used to evaluate mechanical properties of
the composites at room and elevated temperatures. This method was chosen because of its
relatively low cost and ease of use. For room-temperature tests, flexural bars (2.9 x 4.2 x
25.4 mm) were tested with loading and support spans of 9.5 and 19.0 mm, respectively.

All tests were conducted at a crosshead speed of 1.27 mm/min at ambient conditions on a
universal testing machine.

High-temperature flexure tests were conducted at 1000, 1200, and 1300°C. The com-
posite bars (2.9 x 4.2 x 28.0 mm) were similar to those tested at room temperature, except for
an additional SiC surface coating (=100 pm thick) to prevent oxidizing the exposed carbon




41

coating on the fiber surfaces. SiC fixtures with loading and support spans of 12.7 and 25.4
mm, respectively, were used, and crosshead speed was 1 mm/min. All specimens were
loaded perpendicular to the mat layers. At least three specimens were tested under each set of
conditions. ’

The first matrix cracking stress, or onset of permanent damage to the composites, was _
determined from the load at which first deviation from the linear variation in the load—vs.—
displacement plots was observed. Nominal ultimate stress was determined from the peak load
value. Composite work-of-fracture (WOF) was estimated from the total area under the load-
specimen displacement plots normalized on the basis of unit cross-sectional area of the
fractured composites. True specimen displacement was obtained by subtracting system
displacement from total displacement (system displacement was determined by measuring
system compliance with a stiff alumina piece).

ANALYTICAL BACKGROUND

Mechanical response of continuous fiber-reinforced ceramic matrix composites with
increasing stress levels is dependent on in-situ fiber strength and its distribution. Based on the
weakest-link-principle (i.e., failure occurs at the most severe flaw), strength distribution of
fibers can be represented by the Weibull distribution function as follows:

m
F(o) =1 —exp|- _L_[_g_) , ey

Lo \ 0o

where F() is the cumulative failure probability at an applied stress G, G, is the scale
parameter signifying a characteristic fiber strength at a fiber gauge length, Lo, and m is
referred to as the Weibull modulus that characterizes flaw distribution in the material. Thus,
by using the Weibull distribution function as given by Egq. 1, it is possible to estimate Weibull

scale parameter at some standard gauge length, L, with the following expression:
1

¢ = o, (%); @)

The in-situ fiber strength distribution parameters, 6¢ and m, can be evaluated by
measuring mirror sizes on fractured fibers. Figure 1 shows typical flaw morphology and
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Fig. 1. Fracture surface morphology of SiC (Nicalon) fiber.

associated fracture features such as mirrors (smooth regions) and hackles (regions of multiple
fracture planes) on a Nicalon fiber in a composite tested at room temperature. For brittle
materials such as glasses and ceramics, it is possible to correlate sizes of fracture features to
fracture stress with empirical relationships. For example, fracture stress, o, of the fibers can
be obtained from mirror-size measurements with the following relationship:7

3.5K¢ 3)

lef
" Vi

where 1, is the mirror radius and K is the fracture toughness of the fiber. This semiempirical
relationship is applicable for mirror sizes much smaller than the fiber diameter.

Based on the fiber fragmentation theory,8 the resulting value of scale parameter, G,
from fracture mirror evaluations is at a gauge length, L, that is controlled by fiber/matrix
interfacial shear strength and fiber strength. . An average value for the gauge length for in-situ
fractured fibers can be written as
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where r is the fiber radius and 7 is the fiber/matrix interfacial shear strength.

The fiber/matrix interfacial shear strength can be determined from average fiber pullout
length measurement, h, as#8

;= Am)ro;

an &)

where A(m) is a nondimensional function and is dependent on fiber fracture statistics.

In-situ fiber strength distribution parameters (6¢ and m) can be correlated to the ultimate
strength, oyTs, of the composite as follows:8

(6

e [ 2 ]%n+1[m+1]
UTS = 1% m+2 m+2]
where fj is the fiber volume fraction parallel to the loading direction.
RESULTS AND DISCUSSION

As shown in Table 1, mechanical properties of composites are dependent on both fiber
coating thickness and fiber cloth lay-up sequence. For sequences of 0°/45° and 0°/20°/60°,
mechanical properties (first matrix cracking stress, ultimate stress, and work of fracture)
initially increase with coating thickness and reach peak values at a coating thickness of 0.2
um. Further increases in coating thickness do not result in further improvements in
mechanical properties; this is believed to be related to the role of coating in protecting fibers
from damage during processing and in service.” These results indicate an optimal coating
thickness of 0.2 um for fibers in the composites. Similar results have been obtained for CVI
SiC/SiC composites obtained from Oak Ridge National Laboratory.?
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Table 1. Room-temperature mechanical property data for SiC/SiC CFCC with various

fibercloth lay-up sequences
Coating  Composite  First Matrix Ultimate Work-of-
Fiber Thickness  Density Cracking Stress Fracture
Architecture (um) (g/cm3)  Stress (MPa) (MPa) (kJ/m?2)
0°/45° 0.0 - - 105+ 28 0.16
0.2 - 95.0 321 £131 178%6
0.4 2.25 86+ 23 . 153+41 98+2
0°/20°/60° 0.0 243 - 93+12 0.25+0.6
0.2 2.31 223+15 319+ 41 127+£23
0.4 2.40 115£25 287 £ 48 15.7+4
0°/40°/60° 04 2.46 116 £28- 312+28 144+ 4

For a given fiber coating thickness, mechanical properties of composites with
0°/20°/60° and 0°/40°/60° fiber lay-up sequences were similar in magnitude, whereas
composites with a fiber sequence of 0°/45° had relatively lower values. The decrease in
mechanical properties for composites with the 0°/45° sequence is believed to have two
causes: first, composites with a fiber lay-up sequence of 0°/45° had a lower density (2.25

g/cm3) than composites with other fiber lay-up sequences (Table 1); the second cause could
be related to the smaller fiber fraction in the loading direction for 0°/45° composites relative to
that of composites with other fiber lay-up sequences. This will be discussed in more detail in

the following sections.

Figure 2 shows typical load-displacement behavior obtained from flexure tests

conducted on SiC(£)/SiC composites with the 0°/40°/60° fiber lay-up sequence, at both room

and elevated temperatures. Similar variations in load displacement were observed for the

0°/45° composites, and gradual failure was observed in all tests. However, the area under the
curve increased somewhat in tests at elevated temperatures. It is recognized here that because
of the generation of matrix crack(s) and the shift in the neutral axis, use of the simple beam

theory to assess ultimate stresses gives a semiquantitative estimate of ultimate strength.
However, the purpose of estimating these values is to compare the relative load-bearing
properties of the composites under specific fiber orientations and test conditions.
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Figure 3 shows the variation of ultimate strength for the three sets of cotnposites
(0.4 um coating thickness) as a function of temperature. At 1000°C, strength of the 0°/40°/60°
composites was similar to its room-temperature value. No 0°/45 specimens were available for
tests at 1000°C. Beyond 1000°C, the ultimate strengths of both sets of composites increased
dramatically-over their room-temperature values, probably because of matrix-softening effects
at elevated temperatures. Such behavior is well documented in monolithic ceramics and
CFCCs.10 In general, at elevated temperatures, the 0°/40°/60° composites had higher strengths
than those of the 0°/45° composites. However, at 1300°C, strengths of both sets of
composites dropped to =270 MPa. This decrease above 1200°C is believed due to degradation
in strength of the reinforcing fibers.11-13 For the 0°/20°/60° composites, strength remained
relatively unchanged up to 1300°C, except for a slight decrease at 1200°C.

Observed WOF variation with test temperature of two sets of composites (0°/45° and
0°/40°/60°) was similar (see Fig. 4). With increasing test temperature, WOF increased to a
maximum at 1200°C because of matrix-softening effects, but dropped rapidly above 1300°C.
This drop is related to physical changes in the in-situ Nicalon fibers in composites tested at
elevated temperatures; formation of silica at the fiber surface is a distinct possibility at elevated
temperatures and can lead to degradation of fiber/matrix interfacial properties. This oxidation
can minimize the effective fiber pullout during fracture of the composites, thus accounting for
low WOF values.14

However, for 0°/20°/60° composites, the WOF remained relatively unchanged up to
1300°C, except for a slight decrease at 1200°C. This behavior is consistent with the observed
strength behavior. The difference in mechanical behavior of 0%/20°/60° composites from that
of 0°/40°/60° and 0°/45° composites is probably due to specimen-related variations.

To establish the large difference in room-temperature strengths of 0°/40°/60° and 0°/45°
composites, we measured their in-situ fiber strengths and correlated them to the composite
strengths. In-situ fiber strength measurements by fractography were made on the two sets of
composites samples fractured at room temperature. In most fibers, fractures originated at
surface flaws, as shown in Fig. 1. Using mirror size measurements and a value of 1 MPaVm
as the Nicalon fiber fracture toughness,* we estimated fiber strengths from Egq. 3; these values
were then used to construct linearized Weibull plots with Eq. 1.
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Fig. 2. Typical Load
Displacement Observed for
0°/40°/60° Composites Tested at
Room Temperature and-1300°C.

Fig. 3. Variation of
ultimate strength with test
temperature for SiC(f)/SiC
compositcs with different fiber
lay-up sequences.

Fig. 4. Variation of work-
of-fracture with test temperature
for SiC(f)/SiC composites with
different fiber lay-up sequences.
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The linearized Weibull plots (not shown) of in-situ fibers in 0°/40°/60° and 0°/45°
composites tested at room temperature were used to estimate the scale perameter and Weibull
modulus. These values for the 0°/40°/60° composites were 2.42 GPa and 4.9, respectively,
while those for the 0°/45° composites were 2.38 GPa and 4.9, respectively. Associated
average fiber pullout lengths were 160 pm for the 0°/45° and 200 um for the 0°/40°/60°
composites.

For comparison purposes, the scale parameters for fractured fibers in the 0°/40°/60° and
0°/45° composites tested at room temperature were evaluated at a standard gauge length of 1
mm. This was done by first estimating the gauge length, Lc, for the fractured fibers in the
composites tested with the two fiber lay-up sequences, based on the average fiber pullout
lengths and the scale parameters (Eq. 4). Fiber radius was assumed to be 8 pm, and A was
taken as 2.1 for fibers tested in both 0°/40°/60° and 0°/45° composites.8 The corresponding
values for the gauge lengths of fractured fibers were estimated as 381 and 305 pm for the
0°/40°/60° and 0°/45° composites, respectively. Subsequently, these fiber gauge lengths were
used in conjunction with Eq. 2 to estimate scale parameters for the in-situ fibers at a gauge
length of 1 mm. The resulting scale parameters at a gauge length of 1 mm for in-situ fractured
fibers in the 0°/40°/60° and 0°/45° composites tested at room temperature were 2 and 1.87 GPa,
respectively. These values were then used to plot Weibull distribution curves (Fig. 5).
Similarity in the Weibull strength distribution plots suggests that there are no differences in
in-situ fiber strength characteristics for the two sets of composites.

Equation 6 was used to determine the ultimate strengths of the 0°/40°/60° and 0°/45°
composites tested at room temperature. As a first approximation, the fraction of fibers along
the loading direction (i.e., 0°) are accounted for in the calculations. Therefore, values of f] for
the 0°/40°/60° and 0°/45° composites are 0.07 and 0.1, respectively. Based on these values and
the Weibull parameters, predicted ultimate strengths for the 0°/40°/60° and 0°/45° composites
are 117 and 165 MPa. The predicted strength for the 0°/45° composites agrees well with the
observed room-temperature strength of =153 MPa, while for the 0°/40°/60° composites, there
is a large discrepancy. Itis possible that in the 0°/40°/60° composites, fibers in the lay-ups
oriented at 40° and 30° (in 60° oriented mats) may be contributing to the mechanical response
of the composite. If the contribution of these fibers is included in the model, the predicted
strength for the 0°/40°/60° is =334 MPa; this is in accordance with the observed strength of
=312 MPa. Thus, from this work it seems that fibers oriented off-axis by more than 40° do
not contribute significantly to the ultimate strength of the composites. However, if they are
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oriented <40° from the loading direction, they do influence composite strength. Realistically,
the contribution of the off-axis fibers to composite strength is expected to change gradually
with the off-axis angle and needs to be further quantified. In addition to the fiber fraction
available to sustain the applied loads, there may also be a change in the failure mechanism as
the fiber lay-up sequence changes in the composites.

ENGINEERING APPLICATIONS

These techniques are currently being used to provide insight into the effects of in-situ
fiber strength, fiber coating, and fiber architecture on mechanical performance of engineering
composites in service environments. We have begun to investigate engineering components
and processes being developed for commercial applications. Specifically, damage evaluation

of composite hot-gas filters exposed to service environments and composite joints has
been conducted.

Composite Hot-Gas Filters

O-ring compression tests on samples machined from composite hot-gas filters in as-
fabricated condition showed an ultimate strength of 19.7 + 2 MPa. The corresponding value
for the ultimate strength of a filter exposed in the Tidd demonstration plant for =1100 h was
7.7+ 1 MPa. This represents a strength loss of 60% during filter exposure. Based on
observations in other studies,%-11 we believe that the reduced ultimate strength is related to the
degradation of in-situ fiber strength. Therefore, we evaluated the in-situ strength of
reinforcing fibers in as-fabricated and exposed filters by using the fractographic technique
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discussed above. Figure 6 shows the distribution of in-situ fiber strengths in composite filters
in both as-fabricated and exposed conditions. The average fiber strength in as-fabricated
filters is =1.7 GPa, while that in exposed composite filter is =0.8 GPa. Thus, fiber strength
reduction during exposure is =60%, in agreement with the strength degradation of the filters
themselves. This confirms that filter strength degradation is related to fiber damage.

mposite Joinin

An evaluation of in-situ fiber strength in an as-fabricated composite (SiC/SiC) and in a
lap joint made of the same composite showed significant fiber strength degradation in the joint
section. This is consistent with the observed strength degradation of composite joints. These
results validate the use of in-situ fiber strength evaluation for damage evaluation that leads to
process optimization of engineering composite components.
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STRENGTH AND CORROSION BEHAVIOR OF SiC - BASED CERAMICS
IN HOT COAL COMBUSTION ENVIRONMENTS

Kristin Breder and Randy J. Parten
High Temperature Materials Laboratory
Oak Ridge National Laboratory
Oak Ridge, TN 37831 - 6069

ABSTRACT

As part of an effort to evaluate the use of advanced ceramics in a new generation of
coal-fired power plants, four SiC-based ceramics have been exposed to corrosive coal slag
in a laboratory furnace and two pilot scale combustors. Initial results indicate that the
laboratory experiments are valuable additions to more expensive pilot plant experiments.
The results show increased corrosive attack with increased temperature, and that only slight
changes in temperature may significantly alter the degree of strength degradation due to
corrosive attack. The present results are part of a larger experimental matrix evaluating the
behavior of ceramics in the coal combustion environment.

INTRODUCTION

A new generation of coal fired power plants with increased efficiency, fewer
emissions and lower costs are currently being developed.l-2 Large improvements in
efficiencies will require a change to gas turbines (Brayton Cycle) instead of exclusive
reliance on steam turbines (Rankine Cycle). Extremely high temperature working fluid is
required to boost the efficiency, and the result is that the power plant sub-systems will be
exposed to much more corrosive environments than in the present systems. The uses of
ceramic heat exchangers are being investigated for those new power plants because of the
potential for producing a clean, hot working fluid for the gas turbine.
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The leading candidate materials for ceramic heat exchangers are silicon carbide-
based materials in the form of sintered SiC, siliconized SiC, or a composite containing
SiC. The thermal conductivity of this group of ceramics is good, and the retention of
mechanical properties, as well as the thermal shock resistance, is presumed to be adequate
for the application. However, relatively little is known about the behavior of these
ceramics in the corrosive coal combustion environment, and in order to achieve the desired
lifetimes of up to 20 000 h this needs to be determined. Some early studies indicated
severe corrosion problems in a coal/oil burning rig,3-6 and basic coal chemistries were
found to be more corrosive than acidic chemistries. More recently modern SiC and a new
SiC-particulate reinforced AlpO3 composite have been tested in a coal ash environment.”-11

EXPERIMENTAL PROCEDURE

The coal ash exposure experiments were carried out using ceramic tubes. NT230
siliconized silicon carbide (SiSiC) from Saint Gobain Norton Industrial Ceramics contained
free silicon metal (8 vol%) and some residual porosity. Lanxide DIMOX SiCp reinforced
AlpO3 from DuPont Lanxide Composites Inc. was manufactured by the Lanxide Direct
Oxidation process (DIMOX) and contained 48 vol% SiCp, 38 vol% AlpOs3 and 13 vol%
Al-alloy, and some residual porosity. Two sintered SiC were tested; B-SiC from Coors
Ceramics Co., and Hexoloy sintered o-SiC from Carborundum Co. The SiSiC and
sintered SiC ceramics were tested as machined while the Lanxide DIMOX was reoxidized
by the manufacturer after machining.

The tubes were nominally 50 mm (2") OD and 38 mm (1.5") ID and were cut into
150 mm (6") long sections for exposure. A thorough description of the materials have
been given previously.”

The slags for the exposure experiments were gathered from the taps of three
cyclone-fired utility boilers. *Two types of Illinois #6 bituminous coals were used. One
was from coal burned at the Central Illinois Public Service Coffeen Plant (Iabeled Coffeen)
and was produced from a low sulfur producing mine. The low sulfur (in the form of low
FeS7 content) leads to high viscosity of the slag, so therefore 1.5% limestone was added at
the power plant to reduce the viscosity. The second Illinois #6 coal was from the Illinois
Power Company Baldwin Plant (labeled Baldwin) and was a mixture of Illinois #6 and
Tllinois #5 coals, resulting in a typical slag with less Ca and more Fe than the batch from
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the Coffeen plant. The third slag came from coal burned at the Northern States Power
Riverside Plant, and was produced from the Rochelle mine, Wyoming (labeled Rochelle).
Approximately 3% petroleum coke was added at the power plant.

Each slag was analyzed at the University of North Dakota Energy and
Environmental Research Center (UNDEERC)" and was split from the main barrel
according to ASTM D 2013 "Standard Method of Preparing Coal Samples for Analysis."
The chemical compositions of the three coal ashes are given in Table 1.

Table 1. Chemical composition of the coal ashes.

Oxide, wt% Coffeen Baldwin Rochelle
SiO2 52.5 534 47.0
AO3 16.3 18.6 18.6
FepO3 13.5 17.6 5.3
TiOp 0.7 0.7 1.4
P205 0.2 0.0 0.6
Ca0 13.1 7.1 19.7
MgO 1.2 0.9 5.7
NagO 0.8 0.0 0.9
K20 1.6 1.7 0.4
S03 : 0.1 0.0 0.4

The test temperatures were 1090°C to produce a condition of sintered ash, 1260°C
for a viscous molten ash, and 1430°C for a fluid molten ash. The tube-sections were
placed in a box furnace; an initial layer of coal slag was added; and the furnace was brought
up to temperature in 2 h. In order to replenish the coal slag 75 ml was added to each tube
length every 48 h through the top of the furnace. Total exposure time was 500 h after
which the furnace was slowly cooled to room temperature. After inspection each tube was
cut into 14 C-ring specimens for strength testing. The C-rings were placed in a mechanical
test system containing a box furnace, re-heated to the exposure temperature and loaded in
compression to failure at a fast loading rate (45 N/s). The strength was evaluated using
the appropriate formula for C-rings in compression.” Three tubes were cut into C-rings




and tested in the as-received condition in order to provide base-line strength data at each
test temperature. The strength data were analyzed using Weibull statistics'*!> and
fractography was performed.

One 300 mm long tube section of each material were exposed in a pilot scale
combustor in order to tie the laboratory experiments to systems testing. The combustor was
a 220 kW (750 000 Btu/h) pilot scale combustor at UNDEERC burning the same type of
Illinois #6 coal from the Baldwin plant as described above.'® The tube was placed in the
coal stream in a section at a temperature between 1340°C and 1370°C and the total run was
100 h. One tube of the SiC, reinforced Al,O, material was placed in the radiant section at
the Combustion and Environmental Research Facility (CERF) at (PETC) at a temperature
between 1050°C and 1250°C. The CERF is a 150 kW (500 000 Btu/h) pilot scale
combustor, and the tube was exposed in the combustor for 1000 h while miscellaneous
eastern bituminous coals were burned for other experimental applications.!” Both these
tubes were sectioned into C-rings and strength tested at 1260°C as described above.

Exposure in the Laboratory Furnace

Following are descriptions of the tubes after 500 h exposure in the laboratory
furnace. The visual appearance did not vary much between the materials, but varied
between the coal slags and temperatures. Of a test matrix of 9 conditions for each material
two are remaining at the present time.

At 1090°C the Baldwin slag was lightly sintered together but did not stick to the
surface of the tubes except in certain small spots. The surface of the SiC, reinforced AlL)O,
was discolored gray-brown from its original gray color, but did not show any obvious
surface damage. The surfaces of the other three ceramics remained essentially unchanged
with the exception of a few spots of sintered slag stuck on to them.

At 1090°C the Coffeen slag was also lightly sintered together, and a layer was
loosely sintered onto the tubes. When the slag was peeled off, there was no obvious
surface damage, but some brown discoloration from this darker slag was observed. The
viscosity for the two coal slags was similar at 1430°C, but the temperature where the slag
starts to solidify was somewhat higher for the Baldwin than the Coffeen slag, and this may
explain the difference in appearance at this temperature. Details pertaining to the different
viscosities will be included with detailed microprobe work later in the project.
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The Rochelle slag was also just loosely sintered on to the tubes after exposure to
1090°C. The slag was yellow-brown in color, but had not caused any discoloration of the
tubes.

At 1260°C the Baldwin slag was fused onto the tubes. The slag was brown and
had a shiny glazed appearance on the side of the tubes, and was black with large bubbles
on the top surface where the slag had been applied.

At 1260°C the Coffeen slag was also well fused onto the tubes, but the appearance
was less glazed and the color was uniformly matte brown. There were small bubbles in the
slag, but fewer large bubbles at the surface.

At 1430°C the Baldwin slag was very well fused onto the tubes in a thinner layer
than for 1260°C. The color was generally matte brown.

At 1430°C the Coffeen slag was very well fused onto the tubes in a thin brown
layer. Few bubbles had developed, and it was obvious that the slag had been very fluid at
that temperature. ’

Exposure in Coal Combustors

The tubes which had been exposed in the UNDEERC combustor at a temperature
between 1340°C and 1370°C (Baldwin slag), had a highly glazed, even brown slag layer
fused onto them. There was some slag build-up on one side, containing areas with large
bubbles under the surface. Some material loss was observed on one side of the tubes, this
was more pronounced for the SiC, reinforced Al O, ceramic than for any of the other
specimens. Each of the C-rings were measured and the dimensions will be compared to
the as-received dimensions. The appearance of the slag on these tubes was very similar to
the appearance of the slag on the tube from the laboratory furnace, (Baldwin slag at
1260°C) indicating a similar temperature level. However, the wall recession was in some
cases more severe, indicating that the combustor environment, in which there is rapidly
moving combustion gases passing over the tube, would be more severe than the furnace
environment.

The slag on the SiC, reinforced Al,O, tube exposed at PETC at a temperature
between 1050°C and 1250°C, was less sintered, which confirmed that the exposure
temperature had been under the temperature for creating molten slag. The slag was
discolored, was lightly sintered together, and was well attached to the tube. There did not
seem to be a serious wall recession for this tube.
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Strength Testing

Figure 1 shows the average strengths for the as received C-rings as well as the
“average strength measured after exposure at the UNDEERC and PETC pilot scale
combustors. Testing of C-rings from the tubes exposed in the laboratory furnace is
ongoing, and will not be discussed here. C-rings from the tubes exposed in both the pilot
scale combustors were strength tested at 1260°C. From the ranges of temperatures given,
this was in the high-end for the tube exposed at PETC and in the low end for the tubes
exposed at UNDEERC; however, the temperature was chosen as a common denominator,
and for ease of comparisons to the as-received data.
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Figure 1. Comparison of strength of C-rings before and after exposure in pilot
scale combustor.

Statistical analysis of the strength results for the NT230 SiSiC material showed that
there was a significant drop in strength for the specimens tested at 1430°C. This is to be
expected as the melting point for Siis 1410°C. The residual strength of the NT230 after
the 100 h exposure in the UNDEERC combustor was significantly reduced compared to
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the as-received strength measured at 1260°C. The exposed specimens showed some
reduction in wall thickness, and the preliminary fractography indicated that fracture
generally was initiated from corrosion pits generated during the exposure. The overall
variability in the strengths measured for this material was large (high standard deviation
and low Weibull modulus), similar to what was observed previously in flexure testing of
this material.” ’

The strength of the Coors 3-SiC material remained the same over the entire
temperature range, but a significant reduction in strength was observed after exposure in
the UNDEERC combustor. The preliminary fractography for these specimens indicated a
predominance of failure from surface pits or pores, probably related to the exposure.
Detailed Scanning Electron Microscopy (SEM) work is needed to determine the extent of
these pits.

The strength of the Hexoloy a-SiC was unaffected by the temperature or the
exposure at UNDEERC. The exposed specimens failed mostly from pores, but in contrast
to the B-SiC the pores in these specimens were mostly in the volume near the surface, and
as such unaffected by the exposure. The as-received specimens failed from similar types
for pores throughout, consistent with the constant stress level.

The strength of the Lanxide SiC, reinforced Al,O, ceramic remained unaffected by
the elevated temperatures, however, these were all lower than the room temperature
strength for this material. After exposure in the two pilot scale combustors there was a
slight but significant reduction in strength for this material. However, the strengths of the
specimens from the two combustor runs were not significantly different, in spite of the fact
that there was an order of magnitude difference in the exposure times for these tubes. This
result indicates that the exposure temperature plays a very important role, and that
significant differences in life-times may occur for only moderate changes in material
exposure temperature. Further, the results indicate that it is important to investigate the
influence of the coal chemistries. Also, microprobe studies of the reaction layers will give
important additional information on the difference observed for the different slags.
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SUMMARY

Four SiC-based ceramics were exposed to three different coal slags in a laboratory
furnace. The materials were also exposed in a 100 h pilot scale combustor using one of
the same coals. Comparison of the strengths of SiC - based ceramics in the as-received
condition to the strength after exposure to coal slag in a pilot-scale combustor indicates that
the slag will act as a strong corrodent and reduce the strength of some of the ceramics.
There are, however, clear indications that the time for significant strength reduction to
occur may vary considerably with only slight variations in temperature. Further work on
the corrosion mechanisms, surface damage and strength degradation will be performed in
order to determine the boundary conditions for a possible successful implementation of this
type of ceramics in the proposed application.
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ABSTRACT

Conceptual designs of advanced combustion systems that utilize coal as a feedstock require high-
temperature furnaces and heat transfer surfaces that can operate at temperatures much higher than those
prevalent in current coal-fired power plants. The combination of elevated temperatures and hostile
combustion environments necessitates development and application of advanced ceramic materials in these
designs. The objectives of the present program are to evaluate (a) the chemistry of gaseous and condensed
products that arise during combustion of coal; (b) the corrosion behavior of candidate materials in air, slag,
and salt environments for application in the combustion environments; and (c) the residual mechanical
properties of the materials after corrosion. The program emphasizes temperatures in the range of 1000-
1400°C for ceramic materials and 600-1000°C for metallic alloys. Coal/ash chemistries developed on the
basis of thermodynamic/kinetic calculations, together with slags from actual combustors, are used in the
program. The materials being evaluated include monolithic silicon carbide from several sources: silicon
nitride, silicon carbide in alumina composites, silicon carbide fibers in a silicon carbide-matrix composite, and
some advanced nickel-base alloys. The paper presents results from an ongoing program on corrosion
performance of candidate ceramic materials exposed to air, salt, and slag environments and their fect on
flexural strength and energy absorbed during fracture of these materials.

INTRODUCTION

Coal is a complex and relatively dirty fuel that contains varying amounts of sulfur and a substantial
fraction of noncombustible mineral constituents, commonly called ash. Conceptual designs of high-
performance power systems (HIPPS) that utilize coal as a feedstock require high-temperature furnaces and heat
transfer surfaces capable of operating at higher temperatures than those used in current coal-fired power plants.
The combination of elevated temperatures and hostile combustion environments necessitates the use of
ceramic materials at least in the first few passes of the heat exchangers in these designs.

The HIPPS concept would employ a combined cycle that uses a gas turbine driven by a working
fluid (air) that is separately heated in a high-temperature advanced furnace, in addition to conventional steam
turbines.! The ultimate goal is to produce electricity from coal with an overall thermal efficiency of 47% or
higher (compared with =35% for current systems) and to reduce CO7 emissions by 25 to 30%. The
pulverized-coal high-temperature advanced furnace (HITAF) in the HIPPS concept will heat air to an
intermediate temperature of =1000°C and burn supplemental clean fuel to boost the temperature of air to the

*Work supported by the U.S. Department of Energy, Office of Fossil Energy, Advanced Research and
Technology Development Materials Program, Work Breakdown Structure Element ANL—4, under Contract
W-31-109-Eng-38.
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turbine inlet temperature of 21300°C. Use of supplemental fuel can be reduced as the HITAF technology
evolves to permit air to be heated to higher {temperatures in the furnace. HITAF represents a major departure
from conventional pulverized-coal-fired boilers in which only steam is raised to a maximum of 530-620°C.
The purpose of the HITAF is to heat the clean working fluid ~ air — to the required turbine inlet temperatures.
At the elevated temperatures of the HITAF, transfer of heat from the combustion gases to the working fluid
will be dominated by radiative heat transfer, and the design of the heat transfer surface will be critical for
success of the system. Several concepts are under development for the design of the heat transfer surfaces in
the HITAF system.2

For any of the concepts to be viable for a commercial-scale HIPPS, the heat transfer surfaces will be
exposed to much higher temperatures than are prevalent in conventional coal-fired steam-turbine systems. For
temperatures of 1000-1300°C, conventional metallic materials do not possess adequate strength properties
and/or corrosion resistance for long-term service. In addition, an important difference between the
conventional boiler system and the HIPPS is seen in the chemical and physical characteristics of the ash
layers that can deposit on the heat transfer surfaces. These deposits are likely to be dominated by alkali
sulfates and coal slags in HIPPS, rather than by pyrosulfates or alkali-iron-trisulfates (which are prevalent in
conventional pulverized coal-fired boilers), and by the increased mobility of corrosion-accelerating agents in
the deposit layers due to the much higher temperature of the heat transfer surfaces in HIPPS. A major
challenge is to develop methods to combat severe deposition, erosion, and corrosion (DEC) of heat transfer
surfaces exposed to higher-than-normal temperatures. These methods could include fuel selection, cleaning of
aggressive contaminants from coal, fine grinding of coal, use of additives, and selection of advanced corrosion-

resistant ceramic materials, coatings, and advanced alloys for vulnerable heat transfer sections.

The objectives of the present program are to evaluate (a) the chemistry of gaseous and condensed
products that arise in combustion of coal and (b) candidate materials for application in the combustion
environments. Chemistry calculations determine the types and amounts of combustion products over the
wide temperature range of 700-1700°C and at 1 atm pressure. The experimental program on heat exchanger
materials will develop mechanistic information on the roles of material composition, ash constituents,
combustion deposits, chlorine, alkali sulfates, and sulfur sorbents in the corrosion process. The program
emphasizes corrosion evaluation of materials in air, salt, and coal/ash environments at temperatures between
1000 and 1400°C, as well as measurement of residual fracture properties of the materials after corrosion.
Coal/ash chemistries synthesized on the basis of thermodynamic/kinetic calculations, together with slags
from actual combustors, are used in the program.

Thermodynamic calculations were used to evaluate the chemistries of gaseous and condensed phases
that occur during combustion of coals.23 Based on the results of these calculations, the general behavior of
the solution phase under oxidizing conditions can be described as follows. A liquid solution phase, consisting
mostly of silicates of aluminum, calcium, sodium, magnesium, and iron, is present at 1730°C. The mole
fraction of NapSO4 phase in the liquid is <0.01 above 1280°C. NapSO4 concentration rises rapidly as the
temperature decreases and becomes a major component of the solution at 980°C. The mole fraction of
NapSO4 may increase to 0.9 or more at 980°C. These compositional changes can have implications for the
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corrosive behavior of the liquid condensates. In the temperature range of interest in HIPPS, the predominant
deposits are either mullite or Ca-rich aluminosilicates. The silicate liquid may be even more corrosive and
have worse fouling tendencies than sulfates because of (a) high-temperature conditions, (b) adhesive behavior
of the silicates, and (c) solubility of ceramic materials, which are probably higher in silicate melts than in
sulfate melts.

EXPERIMENTAL PROCEDURE

Laboratory Experiments. The materials selected for the laboratory experimental program include
advanced metallic alloys, monolithic ceramic materials, and ceramic-matrix ceramic composites; they are
listed in Table 1, together with their manufacturers. Hexoloy SA is a sintered form of alpha silicon carbide
with >98% of theoretical density. It has a very fine grain structure (8 jtm) for excellent wear resistance,
contains no free silicon, and has been reported to be chemically resistant in both oxidizing and reducing
environments. SiC (p) in AlpO3 material was fabricated by Du Pont-Lanxide by a direct metal oxidation
process and has an AlpO3 matrix containing dispersed SiC particulates. The material also exhibited some free
Al in the matrix. Siliconized SiC material (identified as NT 230) made by Norton/TRW. SiC Fiber/SiC
Matrix material is made by Du Pont with a chemical vapor infiltration process. It is recommended for service
requiring high strength, high-temperature properties, and light weight. The material exhibits creep
deformation at temperatures >1200°C, contrary to the behavior of Hexoloy SA and NT 230, in which creep
was virtually absent. The material consisting of SiC in an Si matrix is made by INEX, Inc., and has been
used in tubes for natural-gas-fired heat exchangers. The material containing SiC fibers in Si carbide was also
fabricated by Oak Ridge National Laboratory.

Coupon specimens measuring 2 cm x 2 cm x 2-3 mm were prepared from several of the above-listed
materials for salt- and slag-exposure experiments. Dimensions and initial weights of the specimens were
measured prior to exposure. Salt tests were conducted at 1000 and 1200°C for 168 h in the presence of
NapSO04 or a mixture of NapS04 and NaCl. Tests in the presence of three different slags were conducted at
1200°C for a test time of 200 h. Table 2 lists the compositions of slags and the coals that were combusted to
obtain these slags. Analysis shows that the slag obtained from Illinois #6 coal was richer in FepO3 and
leaner in CaO and MgO, while the reverse is seen for slag from the Rochelle coal. Slags #43 and XX typify
the slags derived from coals in the eastern U.S. while slag #47 is typical of that from western coals.

Table 1. Ceramic materials selected for corrosion tests

Material Manufacturer
Hexoloy SA Carborundum
SiC (p) in alumina Du Pont/Lanxide
Siliconized SiC (NT 230) Norton/TRW
Silicon nitride (NT 154) Norton/TRW
SiC in Si matrix INEX, Inc.
SiC fibers in SiC matrix Du Pont

SiC fibers in SiC matrix ORNL
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Table 2. Compositions of slags for laboratory study

Slag 43/ Slag 47/ Slag XX/
Compound  Illinois #6 Rochelle  Illinois #6
Si0g 52.9 47.1 53.3
AlpO3 16.6 18.8 18.6
Fez03 12.9 5.2 17.6
Ca0 13.0 19.6 7.2
MgO 1.3 5.8 1.0
NapO 0.8 0.9 0
K20 1.6 0.3 1.7
SO3 01 "~ 03 0

In addition, the effect of air oxidation, salt exposure, and exposures to slag from Illinois #6 and
Rochelle coals on the flexural strength of four of the candidate materials were evaluated by preexposure to the
specific environment and postexposure four-point testing of the specimens in vacuum. For these specimens,
the temperature was maintained at 1200°C for both the preexposure and mechanical test. The flexural test
involved bending a specimen of rectangular cross section until fracture. The specimen dimensions were 1.0 x
0.188 x 0.064 and the salt/slag exposed surface was maintained under tension during the test. The data on the
load that caused fracture and the area under the load-displacement curves were used to calculate the ﬂexural
strength of the material and the energy absorbed to complete the fracture.

Combustor Experiments. High-temperature materials were tested by exposing samples of several
ceramic materials in the CERF at the Pittsburgh Energy Technology Center.> The CERF is a state-of-the-
art, 0.5 million Btu/h pilot-scale combustion facility designed to achieve similarity with full-scale utility and
industrial boilers. It is designed to closely duplicate typical full-scale specifications for solid fuel fineness or
liquid fuel atomization quality, burner relative mass flow (fuel and air) and velocities, furnace temperature
distributions, radiant furnace residence time, and convective section gas velocity. Material exposures in
CERF are being conducted in a piggyback mode, whereby normal CERF testing would proceed in terms of
evaluating combustion of various coals and coal blends. With this approach, comparative assessments of
many materials at different locations could be made economically before pursuing dedicated-materials CERF
tests that would require continuous operation of the facility for 1000 h or more. To minimize thermal
stresses during exposure, samples were placed in the CERF prior to the start of each test and removed after the
CERF was cooled to room temperature. Coupon samples of several of the ceramic materials were mounted
on a water-cooled, high-temperature materials testing probe that uses welded clips and pins to hold the
samples. Ceramic specimens were exposed during several 100-h runs in which Pittsburgh coal and a blend of
Alaskan/Russian coal were burned. The compositions of the coals used in CERF runs were similar to those
that generated slags for the laboratory test program.3

EXPERIMENTAL RESULTS
Oxidation in Air

Oxidation of ceramic materials such as monolithic and composite SiC, Si3Ny, and SiC-dispersed
AlpO3 involves reaction of carbide and nitride phases to Si-rich oxides. Oxidation rate is generally influenced
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by porosity of the material and exposure temperature. Figure 1 shows the weight changes for several of the
materials exposed to air at 1200°C. It is evident that most of the SiC and Si3N4 materials oxidize at a low
rate at 1200°C. The two exceptions are SiC(p) in AléO3 and SiC(f)/SiC made by ORNL. In the former, the
increase in weight in the early stage of exposure is due to oxidation of free Al in the surface region of the
sample. After =100 h exposure, the oxidation rate slows but is still higher than that of other materials,
indicating oxidation of free Al in the interior of the material, but dictated by the diffusion of oxygen. The
increased rate of oxidation for the latter material can be attributed only to lack of formation of glass phase at
the grain boundaries, in contrast with the Du Pont made material which has additives that lead to glassy phase
formation. Oxidation can occur via either the passive mode in which a solid SiO2 phase forms and can offer
protection against further oxidation, or via active oxidation in which the SiO phase forms and can volatilize,
resulting in accelerated oxidation of the material. Figure 2 shows the regions of active and passive oxidation
as functions of temperature and pO2.4 Experiments conducted with these materials at temperatures of 1000-
1400°C in a dry air environment showed that the materials undergo passive oxidation.
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Exposure to Salt Environment

Salt-induced degradation of these materials involves reactions between the ceramic materials and
alkali sulfates such as NapSO4 and K2SO4 and alkali chlorides such as NaCl and XCl. In the combustion
gas environment, the concentrations of oxygen and of sulfur as SO2 and SO3 determine the sodium oxide
activity via the reaction NapSO4 = NagO + SO3. Subsequently, the silica phase that forms on the ceramic
materials can react with Nag0 to form compounds such as Nap0-XSi0O2, where X can be 0.5, 1, 2, or 4.
This mode of degradation of ceramic materials requires that NapO activity be sufficiently high and is usually
possible in gas turbine systems where slag constituents are virtually absent. In such instances, the liquid
phase can dissolve the protective SiO2 scale and also result in penetration of the liquid reaction products into
the substrate ceramic material, thereby mechanically weakening the material. To examine the effect of salt
deposit, specimens were exposed for 168 h at 1200°C to a gas stream of 1 vol.%S02-air was passed over
NapS04 salt maintained at temperatures between 700 and 1400°C. The materials selected for these tests were
Hexoloy SA, SiC(p)/Al203, NT 230, and NT 154. Figure 3 shows the specimen weight change after 168 h
at different salt temperatures. NapSO4 has a melting temperature of 884°C, and the samples exposed to solid
salt at 700-900°C did not exhibit significant corrosion. The weight increase of the SiC(p)/AlpO3 is primarily
due to oxidation of free Al in the material. Even at a salt temperature of 1000°C, the vapor pressure of
NaS04 is low enough to prevent significant corrosion of the exposed materials. At salt temperatures of
1200°C and higher, corrosion of the SiC-based materials was evident, while the SiC(p)/Alp03 was resistant
to salt-induced corrosion. In the absence of Al03, the monolithic and composite SiC and Si3N4 materials
oxidize to form SiO2, which reacts with NapSO4 to form compounds of compositions Nap0-XSiO7 and
melting temperatures of 875-1110°C; these compounds lead to enhanced corrosion. The presence of Alp03 in
the Du Pont/Lanxide material leads to formation of mullite (NapO-Al03-2Si02) with a melting temperature
of 1526°C resulting in low corrosion, if any, at temperatures of 1200 and 1400°C in the present
investigation. In coal-fired combustion systems, the presence of slag constituents determine the
thermodynamic activity of various deposit constituents, and alkali-sulfate-induced corrosion is generally not
dominant.
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Corrosion in Slag Environments

In laboratory slag tests, the materials behaved differently than in salt tests. The specimen showed
significant surface cracking but the slag itself did not seem to penetrate the sample, as evidenced by energy-
dispersive X-ray (EDX) analysis of specimen cross sections. Because NagO activity in the slag is relatively
low, the deposit did not melt, but significant bubbling of the slag was noted, probably due to formation of
SiO vapor in a reducing condition established locally by entrapped carbon in slag. All three slags exhibited
similar appearance after testing and also all three specimens exposed to different slags appeared similar,
indicating that coal slag chemistry has little influence in these short exposures. In the CERF exposure
conducted with Pittsburgh coal, the specimen exhibited a thin layer of deposit after =100 h of testing. X-ray
diffraction analysis of the deposit indicated predominantly mullite (3A1903-28i07), with some ordered albite
[(Na,Ca)Al(Si,Al)308] and traces of hematite. No significant degradation of the sample was observed in
scanning electron microscopy (SEM) and EDX analysis. In the CERF exposure conducted with
Alaskan/Russian coal, the dominant phases were anorthite (Ca0-A1903-2Si02), calcium aluminum silicate
(Ca0-Al203-Si02), and ordered sodium anorthite (Ca,Na) (Al,Si)2 Sip0g. These Ca-rich silicates also have
melting temperatures >1400°C, and reactions between the coal ash deposit and the ceramics occur
predominantly in the solid state. The experimental results also indicate that NapO activities in the deposits
(with combustion of coals containing FepO3 and CaO) are sufficiently low to form liquid sodium silicates of
various types in coal-fired systems. This may qualitatively indicate that the material may be susceptible to
cracking at elevated temperatures by particle impingement.

Baseline Mechanical Properties

Four-point bend tests were conducted on Hexoloy SA, NT 230, SiC in Si matrix, and SiC(f) in SiC
matrix materials at 1000, 1200, and 1400°C. The load to cause fracture measured in the test is used to
calculate the flexural strength for the materials using the expression

3(L1~L2)P
C=—"""35_—
2t°w

2

where G is flexural strength in MPa, L and L9 are distance between support points and load points,

respectively, P is load, and t and w are thickness and width of the specimen, respectively. The test technique
produces a nonuniform stress distribution with the maximum tensile stress in the outer skin of the specimen.
Figure 4 shows the flexural strength of the materials as a function of temperature. The results show that
Hexoloy SA maintains fairly high strength (in the range of 350400 MPa) at up to 1400°C. Flexural
strength of NT 230 is somewhat higher than that of Hexoloy SA up to 1200°C and seems to drop to =300
MPa at 1400°C and =180 MPa at 1450°C. The material SiC in Si matrix had a relatively lower strength of
100-120 MPa up to 1200°C and dropped to =70 MPa at 1300°C. The material SiC(i) in SiC matrix exhibited
strength values comparable to those of Hexoloy SA at temperatures up to 1200°C but the values dropped at
temperatures above 1200°C and comparable to those observed for NT 230. The load-displacement curves from
these baseline tests were also used to calculate the area under the curves, which is indicative of the absorbed
energy during fracture. The absorbed energy values can differntiate between the monolithic and composite
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Fig. 4. Flexural strength data as a function of temperature for Hexoloy SA (top left), NT 230 (top
right), SiC in Si matrix (bottom left), and SiC(f) in SiC matrix (bottom right) at 1200°C

materials because monolithic materials (such as Hexoloy SA) rarely exhibit creep prior to fracture while
composites, such as SiC(f)/SiC, generally exhibit significant creep deformation prior to fracture. The fracture
energy values for the materials will be presented in the next section, along with data obtained for the materials
after exposure to corrosive environments.

Effect of Corrosion on Mechanical Properties

|

To examine the role of exposure environment several specimens of the four cermic materials such as
Hexoloy SA, NT 230, SiC in Si matrix, and SiC(f) in SiC matrix were preexposed for 200 h at 1200°C to
dry air, NapSO4 salt, 75wt.% NapS04-25 wt.% NaCl mixture, and three different coal slags, identified as 43,
47, and XX. After exposure, the specimens were mechanical tested in vauum at 1200°C. In these tests, the
specimen surfaces exposed to the salt and slag environments were on the support side of the fixture, ensuring
a tensile mode of loading for the surfaces exposed to corrosive environments.

Figure 5 shows the flexural strength for the four materials under baseline condition and after
exposure to different environments. It is evident that exposures of 200 h in different environments had very
little influence on the strength of Hexoloy SA material. Analysis of fracture surfaces of exposed specimens
showed formation of thin layers of silica in air exposure, and virtually no salt or slag penetration of the
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Fig. 5. Effect of exposure 200 h exposure at-1200°C on flexural strength for Hexoloy SA (top left),
NT 230 (top right), SiC in Si matrix (bottom left), and SiC(f) in SiC matrix (bottom right)

specimens. Because of the high density of this material, influence of corrosive attack on this material may
require longer exposure times or higher temperatures. The NT 230 exhibited fairly good strength after air
exposure but had a significant loss in strength after exposure to salt that contained NaCl. On the other hand,
the presence of slags at 1200°C had very little effect on the strength of the NT 230. The SiC in Si matrix
was fairly porous and the sample became fully corroded in the presence of the salt containing NaCl but did not
exhibit significant loss in strength in the presence of other deposits. The composite SiC(f) in SiC matrix
also was subjected to accelerated corrosion in the presence of salt containing NaCl but behaved fairly well in
other environments.

Figure 6 shows the absorbed energy per unit area for the four materials after 200 h exposure at
1200°C to different environments. The absorbed energy values for Hexoloy SA are 0.15-0.20 J/cm? after
exposure in air and slag environments. The low value, which is an average of three tests conducted at

o
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Fig. 6. Effect of exposure 200 h exposure at 1200°C on absorbed energy per unit area for Hexoloy
SA (top left), NT 230 (top right), SiC in Si matrix (bottom left), and SiC(f) in SiC matrix (bottom right)

1200°C, for the as-received material cannot be explained at present. The lower values for the salt-exposed
specimens may indicate some intergranular prenetration of salt, which was not obvious from SEM analysis of
specimen cross sections. Absorbed energy values for the as-received, air-exposed, and slag-exposed specimens
of NT 230 were comparable, indicating that these environments are benign from the corrosion standpoint after
200 h of exposure at 1200°C. The slat-exposed specimens showed lower absorbed energy values similar to
those of Hexoloy SA. Specimens of SiC in Si matrix had inherently a low value for energy to fracture and
were not significantly affected after exposure in air and slag environments. The presence of sulfate salt seems
to lower the fracture energy. The composite material SiC(f) in SiC matrix had the highest value (0.25-0.40
J/cm2) for fracture energy among the four materials testsed. The results also indicate that the salt
environments have degrading effects on the strength properties of these materials but the presence of slag
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(simulating either Eastern or Western U.S. coals) had a minimal effect at 1200°C in 200 h exposures.

SUMMARY

Several ceramic materials have been examined to evaluate performance after exxposure to dry air, salt
environments that contaiiled NapS04 or 75 wt.% NapS04-25 wt.% NaCl mixture, and to three different coal
slags that simulate slags obtained fro combustion of coals from Eastern and Western U.S. The results
showed that the materials exposed to an air environment undergo passive oxidation of SiC to SiO».
Exposure of these materials to salt environments can lead to catastrophic corrosion, especially if the
condensed salt is high in sodium activity, which can lead to low-melting corrosion products. On the other
hand, exposure of the materials to slags obtained from typical coal ash had very little effect on the corrosion
performance of the materials, especially at 1200°C under which the reactions do not involve formation of
liquid corrosion products. Four-point bend tests conducted on several of the materials after exposure to dry
air, salt, and slag environments indicated that sodium salts (both sulfates and chlorides) have the most
degrading effect on properties, while exposure to,air and slag environments had minimal effect on properties at
1200°C.
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INTERACTION OF LOW-EXPANSION N7ZP CERAMICS WITH Na,SO, AT 1000°C
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ABSTRACT

The interaction between several low-expansion NZP materials and Na,SO, at 1000°C in
pure O, was studied. Ba, ,5Zr,P; sSi, sO,, experienced extensive cracking and delamination upon
reaction with Na,SO,. On the other hand, Ca ;S ;Zr, P, 0, remained intact in terms of visual
appearance, and had no significant weight loss or gain. However, the ion exchange between Na
* ions and Ca*? jons was observed to be sufficiently rapid to allow the penetration of the Na *
ions into the test specimens in 100h. The segregation of Ca to the specimen surface was observed
due to the jon exchange. Ca,Mg,,Zr,P,0,, was also tested, but its stability could not properly
be assessed because the as-received specimens contained a significant amount of MgZr ,P,0,, as
an impurity phase.

INTRODUCTION

A new class of ceramic materials with low and tailorable thermal expansion characteristics
has been developed for potential use in a variety of high temperature applications [1-3]. They are
commonly referred to as NZP and named after the parent composition (NaZr,P;0,,) which was
discovered to exhibit high cationic conductivity and low-expansion characteristics. Although the
thermal expansion behavior of most NZP materials is generally anisotropic, some NZP
compositions such as Ba,,ZrP, Si, 0, (where 0< x < 1), Ca,,Sr,Zr,P,0,,, and
Ca, Mg, Zr,P,O,, can be tailored to obtain isotropic expansion characteristics [2-4]. The Young's
modulus of these NZP materials is reported to be rather low for a ceramic (*70 GPa) [3]. Another
interesting property of these materials is their low thermal conductivity ("1 W/mK for slip-cast
materials [3]) which is essentially as low as that of air plasma sprayed yttria stabilized zirconia
coatings currently used as thermal barrier coatings in advanced gas turbines. °

In addition to their potential use as bulk materials, the NZP ceramics could also be
considered for thermal barrier and corrosion resistant coating applications. For example, Si-

based materials such as Si;N, and SiC are known to be susceptible to major strength reduction
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in certain corrosive environments containing condensible deposits such as Na ,SO and Na,CO,
[5,6]. Thus, the need for developing a coating system which protects the surface of the Si-
based materials from the corrosive environments has been recognized [7,8]. Unfortunately,
progress in developing such a coating system has been limited because of many challenging
thermochemical and thermomechanical requirements. From a thermomechanical point of view,
the use of the NZP materials as protective coatings for Si-based ceramics may be advantageous
because of the low thermal expansion and compliance of the NZP materials relative to most Si-
based materials. However, the thermochemical stability of these complex material systems has
not been explored except for the recent work of Li et al. [9]. They prepared a thin

Ca, Mg, 4Z1,P40,, coating on Si ;N, and SiC substrates using a sol-gel method. The coated
substrates were exposed to several environments containing Na ,CO, at 1000°C for 50h, and
yet no major change in the flexural strength of the Si ;N, substrates was observed. This
suggested that the coating was effective in protecting the Si N, substrates from the corrosive
environments. In order to further assess the potential of NZP materials for use as corrosion-
resistant coatings, the present study is aimed at examining the intrinsic stability of several NZP

bulk forms in a Na ,SO,-containing atmosphere.

EXPERIMENTAL

Three slip-cast NZP materials were evaluated: Ba | ,sZr,P;s ;Si) sO,, (BS25, x=0.25,
LoTEC, Salt Lake City, UT), Ca Mg, ,Zr,P;0,, (CM40, x=0.4, Golden Technologies,
Golden, CO), and Ca 55t sZ1,P,0,, (CS50, x=0.5, LoTEC). These particular compositions
were chosen because they possess high strength while exhibiting low thermal expansion
anisotropy and hysterisis [2,3]. Two specimens (1 cm x 0.4 cm x 0.3 cm) were tested for each
material. The specimens were typically loaded with about 5 to 10 mg/cm 2 of Na,SO, using a
procedure described elsewhere [8]. Prior to applying the layer of Na,SO, , the specimens
were cleaned with distilled water, methanol, and acetone. The Na ,SO, loaded specimens
were placed on an Al ,0, holder and exposed for 100h to a flowing oxygen environment (200
cm®/min) at 101 kPa in a quartz tube heated to 1000°C using an electric resistance furnace. It
is noted that Na ,SO, has a relatively low rate of evaporation at these temperature and pressure
conditions (~ 0.016 Mg/cm */h) [10]. Thus, the premature loss of Na ,SO, due to evaporation

was not expected to occur for the test duration used in this study. Each NZP composition was
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tested in separate batches to avoid any sample cross-contamination. A Scintag V x-ray
diffractometer (XRD) and a JEOL Superprobe 733 electron microprobe analyzer (EMPA) were
used for characterization. Both as-received and reacted specimens were mounted in epoxy and
polished using kerosene as a lubricant to examine the formation of any reaction products and
resulting surface microstructures. One of the two specimens ekposed to the reaction treatment
was washed in warm water using an ultrasonic bath to remove any water-soluble or weakly

‘ bonded phase(s) from the reacted surface.

RESULTS

Table I shows that BS25 lost significant weight after reacting with Na ,SO, for 100h.
In reference to the initial weight before Na ,SO, loading, Sample # BS25-1 lost 33.7 mg (or
27.2 mg/cm?) after the reaction and washing steps. It was visually evident that both unwashed
and washed BS25 specimens were structurally disintegrated. Severe surface recession due to
cracking and delamination were observed particularly along the corners and edges of the
specimens' top surface. The formation of NaZr ,P,0,, was detected by XRD as a minor phase
in both unwashed and washed specimens. In addition, the BS25 diffraction peaks were
observed to be somewhat randomly shifted by small amounts as a result of the reaction step.

Table I

Weight (g) of low-expansion ceramic specimens (dimensions; 1 cm x 0.4 cm x 0.3 cm) .
measured after Na ,SO, loading, reaction, and washing in warm water. Net weight change
(am) = Final weight after washing - Initial sample weight. CM40 specimens could not be

washed because they were fractured into pieces after reaction.

Sample Initial Na,SO, Reacted Washed am
BS25-1 0.3745 0.3859 - 0.3644 0.3414 -0.0337
BS25-2 0.3519 0.3652 0.3087 - -
CM40-1 0.3875 0.3945 0.3725 - -
CM40-2 0.3774 0.3879 - - -
CS50-1 0.3151 0.3203 0.3162 0.3145 | -0.0006

CS50-2 0.3225 0.3308 . 0.3242 - -
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CM40 specimens also significantly cracked, and were actually fractured into several
pieces after reacting with Na ,SO,. However, it appeared from the XRD analysis that the as-
received CM40 specimens contained a significant amount of MgZr ,P,0,, as an impurity phase.
The XRD pattern of the reacted specimens indicated the formation of NaZr ,P,0,, and/or CaZr
4Ps0,, along with an unknown phase(s). Note that NaZr ,P,0,, and CaZr ,P,O,, are difficult to

distinguish by XRD because of their similar lattice parameters.

Unlike the BS25 and CM40 samples, the weight of the CS50 specimens decreased only
slightly after the reaction and washing steps (0.5 mg/cm 2 for Sample# CS50-1 in Table I). No
significant recession due to cracking and delamination was visually detected. However, as
shown in Figure 1, an EMPA analysis of the polished cross-section of the reacted specimen
(Sample # CS50-1) shows that the ion exchange between Na * ions from Na ,SO, and Ca*? jons
from CS50 was fairly extensive during the 100h reaction period. The presence of Na was
observed throughout the entire cross-section of the reacted sample. In contrast, as-received
CS50 samples did not contain any Na detectable to the EMPA technique. The segregation of Ca
toward the surface was observed as shown in Figure 1. It appeared that the Ca-enriched
surface layer was weak since it was somewhat damaged by polishing as evidenced By some
delamination in this region. There was no apparent change in the Ca-enriched surface layer
after washing. The presenc;e of sulfur was not detected by the EMPA technique in the reacted
and washed samples. In comparing the XRD patterns of the as-received, corroded, and washed
samples, the appearance of some new, unindexable diffraction peaks was observed after the

reaction step. The new peaks did not disappear after the specimen was washed.

DISCUSSION

The experimental observations suggested that the BS25 specimens became structurally
as well as chemically unstable when reacted with Na ,SO, at 1000°C for 100h in O,. The
formation of the NaZr,P,0,, phase was observed as a reaction product from the BS25 samples.
The NaZr ,P;0,, phase is known to exhibit highly anisotropic thermal expansion behavior, and
consequently microcracks extensively. Also, the formation of NaZr ,P,0,, can induce

undesired volume changes since the unit-cell volume of NaZr ,P,0,, (1527.83 A%) is smaller
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than that of BS25 (1559.94 A® [11]). Thérefore, the formation of the NaZr ,P,0,, phase
appears to be responsible for the observed cracking and delamination of the reacted BS25
samples.

The stability of CM40 with respect to Na ,SO, could not be assessed from this study,‘
because the starting material contained a significant amount of MgZr ,P,0,, as an impurity
phase. Nevertheless, the observed cracking and delamination of these specimens after reaction
with Na ,S0, could be explained by the relatively large volume change anticipated from the
transition of Mng‘,P;O24 to NaZr,P,0,, and/or CaZr,P,0,,. The unit-cell volume of
monoclinic MgZr [P0, (977.52 A%) is considerably smaller than that of rhomobehedral NaZr
P50y, and CaZr,P,0,, (1527.83 and 1516.01 A3, respectively). Because of the MgZr ,PO,,
impurity phase, the results from this study could not directly be compared to those reported by
Lietal. [9]. Asmentioned earlier, Si ;N, substrates coated with a sol-gel CM40 coating did
not show any strength degradation after exposure to several corrosive environments containing
Na ,CO; at 1000°C for 50h. In future work, pure CM40 specimens are needed to determine
thei; intrinsic stability in the corrosive environments. '

In terms of visual appearance and weight loss, the CS50 samples appreared to have
remained relatively intact after reaction with Na ,SO,. However, at a microscopic level, the
EMPA results clearly indicated that the ion exchange between the Na * and Ca*? ions was
sufficiently rapid for the Na* jons to penetrate the entire CS50 specimens during the 100h
exposure. The presence of sulfur was not detected at least within the sensitivity of the EMPA
technique. Therefore, it seems that the CS50 material promotes the dissociation of Na 0,
while releasing SO ; and/or SO, as gaseous byproducts. The significance of these observations
relative to the potential of the CS50 material as a corrosion resistant coating for Si-based
ceramics is not yet clear. A further study is needed to assess the effects of Na penetration
through a CS50 coating structure in protecting Si-based substrates. Also, the thermochemical

compatibility between the CS50 and Si-based ceramics must be addressed.
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ABSTRACT

Formation of mullite on ceramic substrates via chemical vapor deposition was
investigated. Mullite is a solid solution of A1203 and SiO2 with a composition of
3A1203+28i02. Thermodynamic calculations performed on the AlCI3-SiCly-CO2-H2
system were used to construct equilibrium CVD phase diagrams. With the aid of these
diagrams and consideration of kinetic rate limiting factors, initial process parameters
were determined. Through process optimization, crystalline CVD mullite coatings have
been successfully grown on SiC and Si3N4 substrates. Results from the thermodynamic
analysis, process optimization, and effect of various process parameters on deposition
rate and coating morphology are discussed. '

INTRODUCTION

Silicon-based ceramics such as Si3Ng4 and SiC are currently the leading candidate
materials for high temperature applications due to their unique combination of high
strength and thermal conductivity, low thermal expansion, good high temperature
stability and oxidation resistance. However, their susceptibility to high temperature
corrosion and damage due to contact stress considerably limit their utilization. For
example, corrosion can occur at elevated temperatures as a result of the combined effect
of the oxygen plus gaseous, condensed, or particulate impurities induced via the gas
stream in a turbine engine. (1] In addition, contact stress damage at ceramic/ceramic
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interfaces has been projected as a major failure mode for ceramic components in
advanced heat engines. [2] It has been established that the application of a coating on
silicon based substrates is an effective technique to minimize or overcome these
problems. [3:4] Several coating systems have been developed, but none to date have
been able to meet all the requirements due to the severity of these applications. [5,6]
Mullite (3A1203+25i02) due to its unique properties such as thermal expansion match
with Si3N4 and SiC, stability, and significantly superior corrosion resistance at high
temperatures, [7.8] is considered a prime candidate coating material.

Mullite is a solid solution of A1203 and SiO2 and is the only stable crystalline
compound in the A1203-5i02 system. Although it is popularly quoted with an
Al1203:Si02 ratio of 3:2, mullite is known to have a range of solid solubilities. After
several years of research, there are still controversies regarding the melting behavior and
the solid-solution range of mullite. However, it has been observed that the solid
solubility is dependent on the method of synthesis. Attempts to grow mullite coatings by
various processing techniques have met with limited success. 4] Deposition of plasma
sprayed mullite coatings was reported, [9] however the coatings exhibited problems such
as non-uniformity and microcracks which are characteristic of the plasma spray process.
To overcome these deficiencies, formation of mullite via CVD has been investi gated.
The CVD process generally results in dense coatings that can be synthesized well below
the melting or sintering temperatures of the material, with the possibility of
microstructural and morphological optimization through variation in process parameters.
Although the deposition of CVD Al203 and SiO2 is now well established, [10-14] to our

knowledge mullite coatings have never before been grown from the vapor phase.

THERMODYNAMIC ANALYSIS

Equilibrium thermodynamic analysis was performed on the AIC13-SiClg-CO2-Ho
system in order to establish equilibrium reaction products at various operating conditions.
It has been common practice to use thermodynamic analysis to predict the possible
outcome of a CVD reaction. [1522] A computer program [23] utilizing minimization of
Gibbs free energy was used to perform the thermodynamic analysis. This was based on

o — o w= R
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earlier work to calculate the composition and heat condition of an equilibrium mixture.
[24] The results of several calculations at each set of process conditions were presented
in the form of binary and ternary CVD phase diagrams. Chemical equilibrium is rarely
achieved under most CVD flow conditions. [25] Therefore, results from these diagrams
can only be used to establish guidelines in the form of trends rather than to predict the
exact phases that would be actually present. Most importantly, thermodynamic analysis
did not include the rate-controlling factors in the CVD process such as reaction kinetics,
mass transport of the gaseous species, and depletion of the reactant gases. Thus, an actual
CVD experiment does not necessarily conform with predictions of the thermodynamic
analysis. However, such phase diagrams can be used to project the influence of process
variables such as temperature, pressure, and inlet gas concentrations on the phase
assemblage stoichiometry of the deposit, the equilibrium deposition efficiency, and the
concentration of the molecular species in the exhaust gas. The thermodynamic
equilibrium state of the CVD systexﬁ can be calculated for (i) partial pressures of all the
gaseous species, (ii) the identification of the condensed phase, (iii) equilibrium deposition
rates possible and (iv) their theoretical efficiencies. Such calculations provide limiting
criteria and aid in establishing rate-limiting gaseous species. The reliability of these
calculations is, of course, dependent on the availability and accuracy of thermochemical
data as well as identification of all the critical vapor and condensed phases. Information
from such phase diagrams can be used to help determine the range of input conditions
which would produce mullite and other compounds at equilibrium.

The reaction yielding mullite from AICI3 and SiCl4 is hypothesized to be as follows:

6AICI3 + 28iCl4 + 13CO2 + 13Hp — > 3A120328i02 + 13CO + 26HCI — (1)

For the purpose of the equilibrium calculations, it was assumed that mullite is a
line compound, and of 3A1203:2Si02 composition. The calculations were based on
thermodynamic data obtained from Ref [26]. Several calculations were performed on the
AlCI3-8iCl4-CO2-H2 system at different process parameters at each set of deposition
conditions. Figure 1 shows a sample ternary CVD phase diagram of AlCI3-SiCl4-CO2-
H2 system at 1000 °C and 75 torr. This diagram represents, for a set of reaction
conditions and input reactant concentrations, all the possible phases that would be present
during equilibrium conditions equilibrium.
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Figure 1: CVD phase diagram of AICI3-SiClq-CO2-H?2 system at 1000°C and 75torr

Details of an extensive thermodynamic analyéis were discussed in an earlier
publication. [27] It was concluded that low concentrations of the chlorides need to be
used in order to obtain high deposition efficiency, and carbon-free deposits. It was also
found that there were no underl-ying benefits to using bromides and fluorides as
alternative halide sources.

KINETIC CONSIDERATIONS

As mentioned earlier, an understanding of thermodynamics alone is not sufficient
to establish the CVD process parameters. Reaction kinetic limitations to a great extent
have a major effect on the deposition characteristics. The relative importance of
thermodynamic and kinetic considerations depends on the particular system of interest
and the specific process conditions. Since no data was available to predict the
mechanism of formation of mullite from AlC13 and SiCly, it was assumed that the CVD
formation of mullite follows the same reaction path associated with the formation of
Al203 from AICI3. It is well established that the formation of A1203 necessitates the
formation of H2O through the water-gas-shift reaction, thus making it the rate-limiting
step. It is also important to note that the formation of SiO2 from SiCl4 does not require
an intermediate reaction such as H20 formation to occur. Keeping this in mind, the
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assumed reaction steps during the formation of mullite can be expressed using the
following set of intermediate reactions:

2Al1 +3Clp — 2AICI3 ()
CO2+Hp—™>H20+CO —~(3)
6AICI3 + 28iCl4 + 13H20 —> 3A1203+2Si02 + 26HCI ——(4)

Initial process parameters were chosen based on the information obtained through
equilibrium thermodynamic analysis, and consideration of kinetic factors such as the
influence on the water-gas-shift reaction. At this stage, it was unclear how the water-gas-
shift reaction influenced the formation of CVD mullite.

EXPERIMENTAL METHODS

A CVD unit consisting of a vertical hot wall reactor with a resistively heated
furnace was used for the experiments. Polished bars of 3x4x20 mm size of monolithic
SiC and Si3N4 were used as substrates. In general, low chloride concentrations were
chosen for experimentation. AlCI3 was formed in-situ by flowing Cl9 with Ar carrier gas
through densely packed Al wire cuttings maintained at a constant temperature. SiClg was
evaporated from liquid stage at room temperature. AICI3 and SiCl4 were mixed in
appropriate ratios prior to entering the CVD reactor. Hy and CO2 were used via the
water-gas-shift reaction in order to form H20 in-situ in the CVD reactor. There was
always excess hydrogen present in the system to ensure all the chlorides were properly
reduced to HCI before leaving the reactor.

RESULTS AND DISCUSSION

A unique CVD process was developed for deposition of crystalline mullite
coatings on silicon based substrates. [28] Figure 2 shows the surface morphology and
cross-section of a typical mullite coating deposited on Si3N4 at 950 °C and 75 torr for 2




88

hours. As is evident, the coating was dense, uniform in thickness (approximately 6 um),
and had a fine grained (around 2 pwm) equiaxed structure. X-ray and electron diffraction
analyses confirmed that the only crystalline phase present in the coating was mullite. To
further characterize the coating structure on a microscopic level, TEM was performed.

A more detailed microstructural analysis clearly shows that the coating starts with very
fine grains and grows into larger grains as the growth process continues. Further
characterization through energy dispersive spectroscopy shows that the Al/Si ratio
gradually increased as the coating grew. Figure 3 shows a transmission electron

d a typical change in the AVS;j ratio of the coating on SiC.
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Figure 3: Transmission Electron Micrograph of mullite on SiC, b) change in AUSi ratio
throughout the coating
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Effect of Temperature

The effect of temperature on the deposition rate is shown in Figure 4. The mullite
deposition rate decreased from 800 °C to 850 °C and then increased beyond that. Figure
5 shows the Arrhenius plot corresponding to an activation energy of 7.4 kcal/mol.
Although this activation energy is characteristic of a mass-transport limited process, the
result should be interpreted with caution since a variation in Al/Si ratio was observed in
the coating. In addition, the extent of crystallinity was also a variable, making it even
more complicated. Figure 6 shows the coating surface morphology at various process
temperatures. At 800 °C, the coating has a globular morphology and is amorphous
according to X-ray analysis. This is in agreement with the thermodynamic analysis that
mullite is not predicted to form at 800 °C. At 850 °C, the coating remained globular with
small crystallite formation. X-ray diffraction also shows a small amount of mullite
detected. As the temperature was increased beyond 1000 °C, large clusters of crystals
were formed resulting in cracking of the coating.

Doposition Rate {mg/cm2-min)
-
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Figure 4: Effect of Temperature on Deposition Rate
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Figure 5: Arrhenius plot of mullite deposition at 75torr
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Figure 6: Surface morphology of mullite grown at various temperatures

Effect of Total System Pressure

The effect of total system pressure on deposition rate is shown in Fi gure 7. The
deposition rate increased almost linearly at low system pressures; however, with a further
increase in the system pressure, the rate of increase was reduced, with a subsequent
reduction in the deposition rate. This effect can be attributed to the depletion of reactants
with increase in pressure due to the hot wall configuration of the system. Figure 8 shows
the variation in coating surface morphology with total system pressure. The grain size
increased with an increase in the pressure to a certain extent. The grain size at the 200
torr condition was actually smaller than that at the 150 torr condition. In addition, it was
observed that the coating was porous at higher pressures. This variation is again,
believed to be a result of the depletion of reactants.
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Figure 7: Effect of total system pressure on muilite deposition rate at 950°C
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- P =200 torr

Figure 8: Surface morphology variation of mullite with change in total system pressure -

Effect of Input Gas Stoichiometry

The effect of the input gas stoichiometry in the form of Al/Si ratio was
investigated. The Al/Si ratio was varied from O to 4. Figure 9 shows the variation in
deposition rate with respect to Al/Si ratio in the input gas composition. At AVSi ratio of
zero (pure SiO2 deposit), a high growth rate was observed. As the Al/Si ratio was
increased, the deposition rate decreased rapidly to a certain level and then increased. This
implies that the addition of a small amount of Al species to SiCl4 in the formation of
mullite reduces the deposition rate considerably. This also points to a possible shift in the
deposition mechanism with the addition of Al species. There is insufficient data
available at this stage to understand this phenomenon completely. Figure 10 shows the
variation in coating surface morphology with the AV/Si ratio. The size of the mullite
crystals increased with an increase in the AV/Si ratio in the input gas composition. This
variation corresponds to the finding that the grain size increased with the coating growth
along with an increase in Al/Si ratio in the coating.
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Comparison of the growth rates at various levels in the reactor and the reactant
depletion effects suggest that the formation of mullite does not require the formation of
H20 through the water-gas-shift reaction. Instead, oxygen from CO3 is utilized for the
formation of the oxide(s). Reactant depletion effects in the hot wall system make it
difficult to separate the effect of parameters such as temperature and pressure

independently. Further experimentation is necessary in order to understand the exact
mechanisms involved.

Results from the initial corrosion resistance evaluations at Oak Ridge National
Laboratory look very promising. Mullite coated Si3N4 samples loaded with Na3SO4
were heated to temperatures over 1000 °C in an oxygen environment. Electron
microprobe analysis of the treated samples as well as x-ray diffraction analysis before and

after the corrosion testing show that there were no reactions and formation of corrosion
products between mullite and NapSO4.
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CONCLUSIONS

Equilibrium thermodynamic analysis was performed on the AlCI3-SiCl4-CO2-H?p
system which pointed out that low concentrations of the chlorides were necessary in order
to obtain high deposition efficiency,‘ and carbon-free deposits. Information from the
phase diagrams and kinetic rate-limiting considerations was effectively used to identify
the initial process parameters for the growth of mullite. Based on these results, a new
process for depositing crystalline mullite coatings on Si3N4 and SiC based substrates was
developed. The coatings were dense, and increased in Al content from the substrate to
the surface of the coating. Preliminary testing projects mullite as a promising coating
material for corrosion protection of SiC and Si3N4.
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ABSTRACT

Oxide ceramic films can be made using a vacuum arc based technique in which a metal plasma is formed
in an oxygen background, with ion energy controlled by the application of a repetitive pulse bias to the
substrate throughout the deposition. High ion energy early in the process produces atomic mixing at the
film-substrate interface while lower but optimized ion energy later in the deposition can control the
structure and morphology, and films that are adherent and dense can be formed in this way. We have
investigated the formation of films of aluminum-silicon oxide on silicon carbide substrates by mixed
aluminum and silicon plasmas produced from separate plasma sources. The Al to Si ratio was controlled by
the plasma gun parameters and the guns were pulsed simultaneously so as to mix the plasma streams before
deposition; a magnetic plasma homogenizer device was used to further blend the two plasmas. Films with
Al:Si ratios from 2:1 to 8:1 were produced (ALSi is 3:1 for mullite), and the oxygen content in the films
was controlled by varying the oxygen partial pressure during deposition. We have also compared some of
the characteristics of alumina films plasma deposited on iron aluminide substrates with films produced by e-
beam evaporation of Al,O3 using oxygen ion beam assisted deposition onto unheated or heated substrates.
Here we outline the film synthesis techniques and describe the characterization results obtained to-date.

INTRODUCTION

The formation of thin films by plasma deposition is a versatile technique with a wide range of different
embodiments. The version that we've developed and used has the important feature that the ion energy can
be controlled widely. Highly adherent, dense films of metals, alloys (including non-equilibrium alloys) and
other conducting materials, and their oxides and nitrides, can be formed. In the early stages of the process
the jon energy is held in the keV range so as to produce atomic mixing at the film-substrate interface, and
in the latter stages of deposition the energy is reduced so as to optimize the film structure and morphology.

In this method, which we call Mepiiid (Metal plasma immersion jon implantation and deposition), the
object to be implanted is immersed in a plasma of the desired species and repetitively pulse-biased to a
negative voltagel -6, A high voltage sheath rapidly forms at the substrate-plasma boundary, and plasma
ions are accelerated through the sheath and into the substrate, thereby accomplishing implantation into the
substrate of plasma ions at an energy determined by the bias voltage. Because of the surface retention of
condensed metal plasma, the plasma immersion process in a metal plasma is quite different from in a
gaseous plasma. Ions that are accelerated from the plasma into the substrate during the high voltage bias
pulse suffer collisions with previously-deposited neutral metal atoms on the substrate surface and thus also
produce recoil implantation. By varying the proportions of the direct and recoil implantation parts of the
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cycle (ie, the duty cycle of the pulse biasing) one can tailor the shape of the profile, and the range can be
tailored by the amplitude of the applied pulse voltage. The whole operation can be time-varied throughout
the processing duration, starting for example with a high energy phase so as to create a deep buried layer of
the implanted species and slowly changing to a low energy phase whereby a surface film is built up by
plasma deposition. By controlling the plasma ion energy we acquire control over two very important
features to the deposition process: the interface width can be tailored, and the film morphology and structure
can be controlled. In this way one can synthesize a surface metallic film of precise}y controllable thickness
having a well-determined and controllable atomically mixed interface with the substrate, and the parameters
of the film and the interface can be tailored over a wide range. For purely metallic films, the process is
carried out at a vacuum in the 10-6 Torr range; oxides and nitrides can be formed by doing the deposition at
the appropriate background pressure of oxygen or nitrogen, typically a few tens of microns. The technique
has been developed by us and others, and put to a range of laboratory applications.

In prior work we have shown that highly adherent films can be formed in this way. We have produced
near-stoichiometric alumina films of thickness ~0.5 p1 on substrates of FeAl (containing ~0.1% Zr); the
films were amorphous prior to heat treatment and showed an o-alumina phase after heat treating at 1000°C
for up to 16 hours”-8. The film substrate adhesion was typically greater than ~70 MPa prior to heating,
and the adhesion was maintained after repetitive cycling in temperature between ambient and 1000°C.,

We report here on the extension of this work in two directions. We have explored the plasma synthesis
of aluminum-silicon oxide films on silicon carbide substrates by mixing together separately produced
plasmas of aluminum and silicon. The Al to Si ratio was controlled by the plasma gun parameters and the
plasmas blended together in 2 magnetic multipole plasma homogenizer device. Deposition was done onto
appropriately positioned SiC substrates. Separately, we have compared the characteristics of alumina films
plasma deposited on iron aluminide substrates with films produced by e-beam evaporation of AlyO3 using
oxygen ion beam assisted deposition onto unheated or heated substrates. We outline here the film synthesis
techniques and describe the results obtained to-date.

PLASMA PROCESSING

The vacuum arc is a high current discharge between two electrodes in vacuum in which metal plasma is
produced in abundance®-12. We have made a number of different embodiments of vacuum arc plasma guns.
For the work described here we used a small, repetitively pulsed version operated at a pulse length of 5 ms
and repetition rate about 1 Hz, and arc current in the range 100 —300 A. Along with the metal plasma that
is generated, a flux of macroscopic droplets of size in the broad range 0.1 - 10 microns is also produced®-14,
In general it is desirable to remove the solid particulate contamination and this can be done using a curved
‘magnetic duct’ which stops line-of-sight transmission of macroparticles while allowing the transmission of
plasmal5.16, The overall plasma deposition system thus consists of the repetitively pulsed plasma gun in
conjunction with the 90° bent magnetic filter. Plasma exits the filter and deposits on the substrate.
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Metal oxides can be formed by carrying out the deposition not in a high vacuum environment but in a
somewhat higher pressure ambient of oxygen gas; we have found empirically that a pressure in the range
1-100 mTorr is suitable for most purposes. In the present work the oxygen background pressure was
5 to 25 mTorr. The oxygen is both entrained in the plasma stream, ionized, and deposited in the plasma
state, as well as reacting at the freshly-deposited metallic surface to form aluminum oxide or silicon dioxide.
In either case, for the optimal oxygen pressure a near-stoichiometric film of the metal oxide is formed.

Ton energy of the depositing plasma flux is controlled by repetitively pulse biasing the substrate.
Typically the pulse duration might be ~10 ps and the duty cycle ~10 - 50%. Pulsing of the bias voltage is
necessary (for all but the lowest bias voltages) because a high-voltage dc bias would cause an electrical
discharge between the substrate and the vessel or the plasma gun; the plasma would be grossly perturbed
(because the plasma sheath would expand from the substrate to large distances). The solution is to switch
off the bias before a discharge can occur (to limit the sheath expansion to modest distances), let the plasma
recover, and then repeat the process; ie, to do the biasing in a repetitively pulsed mode. For the early stages
of the deposition process the pulse bias is held at a relatively high voltage of 2.2 kV. The mean aluminum
ion energy is then 3.75 keV, because the mean ion charge state of the aluminum plasma is 1.7and
Ej = QV; for silicon the mean charge state is 1.4 and the mean ion energy 3.1 keV; (the charge state spectra
of vacuum arc produced plasmas have been discussed in detail in refs. 17,18). At this energy ions are
implanted into the substrate to a depth of up to ~100 A. The film thus grows on the SiC substrate from a
highly mixed interface. When a film thickness of just a few tens of angstroms has accumulated, the pulse
bias voltage is reduced, since intermixing with the substrate is no longer a factor and the higher ion energy
would sputter away the already-deposited film. Moreover, it is known from a large body of work on ion
assisted deposition that a modest ion energy can be highly advantageous for controlling such characteristics
as the density, morphology and structure of the film. For the bulk of the plasma deposition process the
pulse amplitude is kept at 200 volts.

For synthesis of the mixed aluminum-silicon oxide films we firstly tried a plasma gun cathode that
was formed of mixed Al-Si in 3:1 atomic ratio — mullite has composition 3A1203.25i0; for an
Al:Si atomic ratio of 3:1 — but we found that the deposited film composition ratio did not reflect the
cathode composition ratio closely enough. Thus we went to an alternative approéxch making use of an
additional plasma gun/filter for forming a Si plasma that was added to the original AL:Si plasma
stream, The two streams are then fed through a special 'plasma homogeneizer', which further mixes
and spreads out the plasma stream. The plasma homogenizer is a magnetic multipole plasma
confinement geometry, well known in the plasma community and made here using a number of high-
field-strength rare-earth permanent magnets. The utility of this kind of arrangement, in particular the
novel use of the homogenizer as a tool for blending the two vacuum arc plasmas, has been explored in
prior work in our Iaboratory19-20, The precise Al:Si atomic mix can then be tuned via the plasma
guns (pulse width or arc current). Films with AL:Si ratios varying from 1:1 to 8:1 were formed. A
simplified schematic of the overall system is shown in Figure 1.
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Plasmagun 1 Plasma gun 2
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Fig. 1. Schematic of the overall dual-gun deposition system

EXPERIMENTAL RESULTS
ingm-Silicon Oxi 1

Two types of SiC substrate material were used; one was sintered at LBNL from commercially available
SiC powders, and the other was a commercial SiC (Hexalloy 5) from Carborundum Industries. The
material produced at LBNL contained 94.4% SiC, 3% Al, 2% C, and 0.6% B. The surface was ground and
polished to a mirror finish prior to the deposition. Scanning electron microscopy of the polished surface of -
an uncoated piece of LBNL silicon carbide showed the presence of a second phase, appearing as dark grains
that are Al-rich particles.

Control of the stoichiometry of the silicon-aluminum oxide films was achieved by varying the duration
of the plasma pulses and the oxygen partial pressure during deposition. The deposition rate of each
individual source was determined for all oxygen partial pressures used by measuring the thickness of the
deposited films after one thousand pulses of 5 ms duration each. These individual deposition rates were then
used to deposit films with desired AL:Si ratios. '
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An advantage of the Mepiiid process is the high degree of atomic mixing achieved; thus here the duration
of the pulses used was always below the time required for the formation of monolayers of silica or alumina,
and both sources were triggered simultaneously so as to prevent stratification of alumina or silica. A
previous attempt to synthesize mullite coatings by depositing altemate layers of silica and alumina by CVD
and subsequent annealing failed due to brittleness resulting from the transformation of silica into
crystoballite that takes place during the high temperature annealing required to homogenize the multilayer
film21, Here we wanted to ensure that complete mixing happened during the deposition.

Table 1 shows the composition of several aluminum-silicon oxides films deposited on SiC under
various experimental conditions. The content of each element in the films was determined by Rutherford
Backscattering Spectroscopy (RBS) and normalized to the Si content. The accuracy of these measurements
is +15%. Elemental composition of mullite is also included in the table for comparison.

Table 1. Composition of as-deposited films.

Deposition Al-Sipulse  Sipulse  Pressure Alcontent Sicontent O content Thickness

(ms) (ms) (mTor) (nm)
#1 5 5 25 44 1 104 240
# 5 25 25 6.7 1 16 230
#3 5 10 25 12 1 5.3 240
#4 5 0 25 8 1 19.5 220
#5 5 0 5 74 1 13 240
#6 5 5 25 42 1 10.4 1250

Mullite 3 1 6.5

X-ray diffraction indicates that the deposited films were amorphous. No evidence of crystalline structure
or phase separation was observed. A feature in the films produced was the high oxygen content when
deposition was carried out at 25 mTorr. An analysis of the compositions shown in Table 1 indicates that
films produced at this pressure consist of mixtures of AI203+x and SiO2+y with a good match being
achieved for x =2 and y = 0. AlpOj3 is not a stable oxide for our deposition conditions, and therefore this
composition must be a consequence of oxygen ion bombardment. Such high oxygen content has been
found previously in pure alumina films produced by MePiiid at 26 mT 7, At lower pressures, oxygen
implantation appears to decrease in importance and the films are basically mixtures of Al2O3 and SiO2.

Annealing of the films at 1100°C in air for 2 hours resulted primarily in the formation of crystalline
mullite. The alumina-silica binary phase diagram indicates that the only stable phases in the silica-alumina
system at the pressures used in this investigation are silica, alumina and mullite. To achieve the mullite
stoichiometry, excess oxygen present in the as-deposited films had to be lost to the environment or react
with the SiC substrate to form silicon oxide and/or carbon dioxide. X-ray diffraction indicates mullite as
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the main crystalline phase after annealing (Fig. 2). The low intensity of the diffraction peaks is mostly due
to the small film thickness. Another silicon-aluminum oxide known as sillimanite (AlgSi3015) can also
be fitted to the peaks in the diffractogram but was discarded because the ratio of intensities of the diffraction
peaks was closer to that expected from mullite. Little difference was observed in the diffraction patterns of
the samples #1 through #5, indicating that after annealing at 1100°C, in all cases the main crystalline
phase formed was mullite. In the films with very low Al:Si ratio we were expecting that silicon dioxide
would be present as well, and in the films with very high AL:Si ratio, peaks from crystalline alumina were
expected. However, neither of these phases, silica or alumina, could be identified from the diffraction
patterns of samples #1 through #5. Further sample preparation and characterization is in progress.

2500
s Mullite -M
2000 4 Silicon Carbide - S
1500 +
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1000 4 s

500 + s
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0 : ; : ;
15 25 35 45 55 65
2-Theta

Fig. 2. X-ray diffraction pattern of coated SiC (#1) annealed at 1100°C for 2h in air.

Table 2. Adhesion of as-deposited and annealed films:

Deposition Adhesion Adhesion Alcontent Sicontent O content Thickness
as-Geposited  annealed (pre-anneal) (pre-anneal) (pre-anneal) (nm)
(MPa) (MPa)

#1 9 70 4.4 1 104 240

#2 38 57 6.7 1 16 230

#3 31 63 12 1 5.3 240

#4 31 57 8 1 19.5 220

#5 9 65 74 1 13 240

Adhesion test results for the as-deposited and the annealed films are shown in Table 2. The instrumental
limit of our pull-tester before epoxy failure occurs is ~70 MPa, and all of the post-annealing samples show
an adhesion strength that is within experimental uncertainty of this instrumental limit.
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Fig. 3 SEM of a SiC sample with an aluminum-silicon oxide coating after being tested for adhesion.
(a) area which had the film removed; (b) area from where the film was still present.

When the aluminum content of the coating was too high, e.g. samples #2, #4 and #5, both the
as-deposited and the annealed films had a high concentration of microstructural features that looked like
micro-bubbles. The mechanism of formation of these bubbles is not clear to us yet, but their concentration
seems to be directly related to the deviation of the Al content from the ideal mullite stoichiometric ratio
(i.e. the higher the Al content, the higher the density of voids). These bubbles are clearly seen in the
micrographs shown in Fig. 3. Figs 3(a) and 3(b) are SEM images from sample #4 after annealing and after
the adhesion test; Fig 3(a) is from an area from which the film has been removed by the adhesion pull-test
measurement, and Fig 3(b) is from an area which still has the film intact. The delamination left the voids
exposed, suggesting that these voids were either at the SiC/oxide interface or in the SiC but near to the
interface. Upon annealing, very few of these bubbles appear to have broken through the coating, but in the
regions where the film delaminates due to the pull-test, these voids have been exposed. Subsurface bubbles
(voids) have been observed to form in the silicon carbide used here when subjected to high temperature
oxidation.

It is clear from the results presented here that annealing of the deposited aluminum-silicon oxides helps
greatly to improve the adhesion of the film. Stoichiometry seems to play a role in the adhesion of the as-
deposited (pre-annealing) film. An extensive analysis of microstructure of the coatings is under way, and
the role of the Al-Si stoichiomety and of oxygen content on the as-deposited adhesion strength should
become clear.
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Aluminum Qxides

In this section we describe the initial results of the characterization of the properties of aluminum oxide
films deposited on iron aluminides (Zr-containing) by two different ion beam assisted techniques.

The first technique, Mepiiid, is as described above except that instead of two plasma sources only an
aluminum source was used, in oxygen. All depositions were done at room temperature. The as-deposited
alumina films were amorphous, and with an oxygen content that depended on the oxygen partial pressure.
At a pressure of 12 mTorr the film composition was Alp03 3, whereas at 25 mTorr the composition was
Al20s. Such a high oxidation state of alaminum has been observed previously in MePiiid produced
films’. The AlpO5 produced here is believed to be a direct result of the simultaneous implantation that our
plasma method provides. Annealing of the amorphous Al205 and Al203 3 films at 1100°C in air for two
hours led to their crystallization into 0-Alp03. Adhesion of these films has been reported previously to
exceed 70 MPa in the as-deposited amorphous condition as well as after annealing”.

The second set of aluminum oxide films was prepared using ion-beam assisted (IBAD) deposition
according to the following procedure. The substrate was initially ion-milled with 1 kV Ar* ions at an ion
current of 0.15 mA. Then Alp03 was deposited at a rate of 0.5 nm/s to a total thickness of 500 nm.
During the initial 10 - 15 nm, a 1 kV oxygen ion beam (0.25 mA) simultaneously bombard the substrate,
and for the remainder of the deposition the energy of the incident oxygen ions was reduced to 0.4 kV.
Depositions were done at two different temperatures, 825 K and 605 K. Cooling of the substrate to room
temperature after deposition was done in vacuum,

The films have been characterized by X-ray diffraction, and the results are presented in Figure 4. Post-
deposition heat treatments are presently under way. The e-beam + IBAD films produced at low temperature
were predominantly amorphous, while the film deposited at 825K contain microcrystalline aluminum
oxides, as evidenced in the X-ray diffractogram. The specific alumina phase present could not be uniquely
determined and a mixture of several phases is likely. In addition some amorphous materials may also be
present since the deposition temperature was still much lower than the recrystallization temperature, and the
diffraction peaks are somewhat diffuse. The film deposited at 825K had a grainy appearance whereas the
films produced at 600K looked more homogeneous, similar to the ones deposited by Mepiiid.

The ion energies used in the IBAD and the Mepiiid process are similar. In the early stages of the IBAD
process, oxygen ions are accelerated through 1kV, and for the remainder of the deposition the accelerating
voltage is reduced to 0.4 kV. In Mepiiid, aluminum ions are responsible for the plasma formation and
subsequent ionization of the oxygen. The accelerating voltages used for Mepiiid are 2kV during the first
tens of nanometer and 0.2kV for the remainder of the deposition. Characterization for their adhesion and
corrosion resistance properties and comparison of films prepared in the two different but related ways
described above is continuing, and we will report on this work as the results become available.
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Fig. 4 - Diffraction pattern of the as-deposited alumina films produced by e-beam evaporation +
ion-beam assisted deposition. The deposition temperatures are indicated.

CONCLUSION

A novel technique for the plasma synthesis of high temperature protective coatings for metallic and
ceramic structural materials (Metal plasma immersion Jon /mplantation and depostion, Mepiiid) has been
applied to deposit aluminum-silicon oxides on silicon carbide, and aluminum oxide on iron aluminides.
Post-annealing adhesion of the aluminum-silicon oxide films was good. When the AlLSi ratio increases,
adhesion between the oxide and the SiC is weakened because of the presence of voids at or immediately

below the interface. Our plasma method allows convenient and simple control of the "quasi-mullite” film
stoichiometry.

Aluminum oxides on iron aluminides were also produced by Mepiiid and by e-beam evaporation + IBAD.
Depositions below 3000C resulted in films which are amorphous by both techniques. Deposition at higher
temperatures with e-beam + IBAD led to the formation of a mixture of micro-crystalline aluminum oxides.
Annealing at 1000°C for 16h in air of the Mepiiid film resulted in a coating that is predominantly a-Al203.
Further work is underway to continue the comparison between the films produced by these two techniques.
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CERAMIC MEMBRANES FOR HIGH TEMPERATURE
HYDROGEN SEPARATION
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ABSTRACT

Ceramic gas separation membranes can provide very high separation factors if the pore size is
sufficiently small to separate gas molecules by molecular sieving and if oversized pores are adequately
limited. Ceramic membranes typically have some pores that are substantially Jarger than the mean pore
size and that should be regarded as defects. To assess the effects of such defects on the performance of
ceramic membranes, a simple mathematical model has been developed to describe flow through a gas
separation membrane that has a primary mode of flow through very small pores but that has a secondary
mode of flow through undesirably large pores. This model permits separation factors to be calculated for
a specified gas pair as a function of the molecular weights and molecular diameters of the gases, the
membrane pore diameter, and the diameter and number of defects. This model will be described, and key
results from the model will be presented.

The separation factors of our membranes continue to be determined using a permeance test system
that measures flows of pure gases through a membrane at temperatures up to 275°C. A primary goal of
this project for FY 1996 is to develop a mixed gas separation system for measuring the separation
efficiency of membranes at higher temperatures. Performance criteria have been established for the
planned mixed gas separation system and design of the system has been completed. The test system is
designed to measure the separation efficiency of membranes at temperatures up to 600°C and pressures
up to 100 psi by separating the constituents of a gas mixture containing hydrogen. The system will
accommodate our typical experimental membrane that is tubular and has a diameter of about 9 mm and a
length of about 23 cm. The design of the new test system and its expected performance will be discussed.

INTRODUCTION

The goal of this project is to develop methods for fabricating ceramic membranes that will efficiently
separate hydrogen from gasified coal at temperatures of 1,000°F or higher. Previous work has
demonstrated that high separation factors can be achieved with ceramic membranes if the mean pore size

is sufficiently small to separate gas molecules by molecular sieving.! Since ceramic membranes typically

*The Oak Ridge K-25 Site is managed by Lockheed Martin Energy Systems, Inc. for the U.S.
Department of Energy under contract No. DE-AC05-840R21400.
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have some pores that are substantially larger than the mean pore size, recent modeling work has sought to
determine the effects of oversized pores on separation factors. The separation factors of our membranes
have been measured to date using a permeance test system that measures the flows of pure gases through a
membrane at temperatures up to 275°C. An important current objective of the project is to develop a
mixed gas separation. system that will measure the separative performance of membranes with gas
mixtures at temperatures up to 600°C.

| DISCUSSION OF CURRENT ACTIVITIES

Model for Free Molecule Flow Through an Inorganic
Gas Separation Membrane Containing Leaks

Inorganic membranes typically have some pores that are substantially larger than the mean pore size
and that should be regarded as leaks or defects. A means to determine the effects of such leaks on the
performance of inorganic membranes has been needed. To meet this need, a simple mathematical model
has been developed to describe free molecule gas flow through an inorganic membrane containing some
undesirable large pores, which will be referred to as leaks. The model was developed to study the effects
of leaks on the performance of inorganic gas separation membranes that have small pores and that would
be operated at high temperatures. For this case, the equation for free molecule diffusion of a gas through
a circular capillary will be used as a starting point. This equation is usually expressed as

o TAP
F = i VT d 3 .__?— 5 (1)
12 TP ¢
where
F = flowrate in standard cc per second,
Vv = meanmolecular velocity of the gas molecules,

d = mean capillary diameter
T, = standard temperature,
AP = pressure difference across the capillary,
' T = temperature,
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P, standard pressure, and

0 capillary length.
Equation (1) approximates the gas transport through the capillary so long as the pore diameter is

large compared to the diameter of the gas molecules. If the effective pore diameter approaches the size of
the gas molecules, as is the case with a molecular sieve gas separation membrane, then the size of the gas
molecule should be taken into account. If we consider a circular capillary with rigid, smooth walls as a
model, then the distance of closest approach of the center of a gas molecule to a wall is the radius ‘of the
molecule. Therefore, the effective diameter of the capillary for transport is the difference between the
capillary diameter and the molecule diameter. As discussed elsewhere,? Eq. (1) then becomes

F=1
12

_ T AP
d - op =@
Vi - o @

4

where o is the diameter of the gas molecule.

Equation (2) may be used to describe flow through a gas separation membrane that has a primary
mode of flow through very small pores but that has a secondary mode of flow through undesirably large
pores, or leaks. Consider a representative section of the membrane containing one leak of diameter d; and
arelated number, n, of small pores having mean diameter of d,. The total gas flow through this

representative section of the membrane can be expressed using Eq. (2) as follows

- TAP 1 _ T AP
F total = 2= yn(d, - 0f) 22— + — vn(d, - o)) =2=—,
otal = T Ve = O oy 1 VP T g ®)

where n is the ratio of the number of small pores per one leak.

Equation (3) may be simplified and expressed as

— _ 1 T oAP - 3 3 .
F total = =° 7 v [n(dp - of +(d;, - 0)] . @)
The ideal separation factor, ¢, of a membrane for a binary gas mixture is the ratio of the specific

flows (the flow rate per unit pressure difference) of the individual gases. Thus, using Eq. (4), the ideal

separation factor can be expressed as

l"(dP ~of +(d - 0‘2)3 ®
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where
V1, V, = mean molecular velocities of gas 1 and gas 2, and
0, 6, = molecular diameters of gas 1 and gas 2.*
Since the ratio of the molecular velocities is equivalent to the inverse ratio of the square oot of

molecular weights, Eq. (5) may be expressed in the more convenient form

« (MZJ {n( Z:))z @ - Z:))Z ©

where M,, M, are the molecular weights of gas 1 and gas 2.

Equation (6) is appropriate assuming d, > 0, and 6,. In other words, the pore diameter is as large or
larger than the molecular diameter of both gas 1 and gas 2, such that both gases will flow through the
pores.

If dp < 0,, then there is no flow of the larger gas molecules (gas 2) through the pores. Gas 2 would
flow only through the leaks. Thus, for 0, <d, <0,

M, (dL -0y

If d; < 0y, then there is no flow of either gas through the pores. The gases can flow only through the
leaks. Thus, ford; <0, and 6,

o [%) ) ®
M) @ - of

The above equations permit ideal separation factors to be calculated for a specified gas pair as a
function of the ﬁolecular weights and molecular diameters of the gases, the membrane mean pore
diameter, and the diameter and frequency of leaks. The frequency of leaks is expressed by n, the number
of pores per each leak. Obviously, a higher value of n represents a lower frequency of leaks.

Finally, for the special case of 2 membrane that has no leaks, an equation for the ideal separation

factor can be derived readily from Eq. (2) as discussed elsewhere.?2 For 2 membrane having no leaks,

*In this model, 6, denotes the smaller gas molecule and o, the larger gas molecule.
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In studying a gas separation membrane containing leaks, it is also useful to determine how much of
the gas flow through the membrane occurs through the small pores (as contrasted to the leaks). Fora
particular gas flowing through a membrane having n small pores per each leak, the ratio of (flow through
pores)/(total flow through pores plus leaks) can be readily determined using Eq. (2). Expressed as a
percentage rather than a fraction, this percentage for gas 1 is given by

100 n(dP - 01)3
n(dP - 01)3 + (dL - 01)3 '

% of flow through pores = 10)

This equation applies when d; > 0,. When d;, < g,, there is no flow through the small pores and the
above ratio is zero. The ratio shown in Eq. (10) is illustrated for gas 1 having molecular diameter of o,.
Clearly, the value of the ratio would be different for gas 2 having a larger molecular diameter, o,.

Results from Model Studies

The mathematical model described above permits ideal separation factors to be calculated for
inorganic gas separation membranes containing leaks. The model has been used to study the effects of
leak size and frequency on the separation factors of membranes having various mean pore sizes. Several
examples of model results are presented below for the helium/carbon tetrafluoride (He/CF,) gas pair,
whicﬁ we commonly use to test membranes.

Separation factors calculated from the model are presented in Fig. 1 as a function of the membrane
mean pore size for membranes containing leaks of 2,000 A (0.2 pm) arbitrary diameter. Plots are shown
for a leak frequency (n) of 10° pores per leak and 107 pores per leak and contrasted with results for a
membrane containing no leaks. For the membrane containing no leaks, the separation factor increases
continually with declining pore size, and the separation factor becomes infinite when the pore size
becomes smaller than the larger gas molecule (4.7 A for CF,) but larger than the smaller gas molecule.
For the membrane containing 10° pores per each 2,000 A leak, the separation factor is severely limited to
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Fig. 1. Model calculated separation factors for Hé/CF4 as

a function of membrane mean pore size showing the effects of leak

frequency (n) for 2,000 Angstrom diameter leaks.
a maximum value of about 22 at a pore size of about 6 A. Further reduction of pore size below 6 A
actually results in lower separation factors because an increasingly larger fraction of the flow occurs
through the leaks as the “good” pores are reduced in size. Calculations using Eq. (10) show 16.6% of the
flow through leaks for the 6 A membrane, and 73.4% of the flow through the leaks for the 4 A membrane.
For the membrane containing only 107 pores per each 2,000 A leak, the separation factor continually
declines with decreasing pore size. In this case, 34.8% of the flow is through leaks for the 14 A
membrane, increasing to 99.64% of the flow through leaks for the 4 A membraﬁe.

Separation factors calculated from the model are presented in Fig. 2 as a function of the membrane
mean pore size for membranes containing an arbitrary leak frequency of 10°® pores per leak. Plots are
shown for leak diameters of 2,500 A, 1,000 A, and 500 A, and are contrasted with results for a membrane
containing no leaks. The results show that the separation factor achievable by reducing pore size can be
severely limited if the size of leaks is large.

Model results presented in Fig. 3 show the effect of leak diameter on separation factor for a
membrane having a pore diameter of 6 A and a leak frequency of 108 pores per leak. The results show
that the separation factor can be dramatically increased by reducing the leak diameter from 2,500 A to
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Fig. 2. Model calculated separation factors for He/CF, as
a function of membrane mean pore size showing the effects of
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Fig. 3. Model calculated separation factors for He/CF, as
a function of leak diameter for a membrane having a leak frequency
of 108 pores per leak and a pore diameter of 6 A.
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about 200 A. Further reducing the size of the leaks below 200 A results in only a slight additional
increase in separation factor. Various studies performed with the model generally indicate that reducing
the size of leaks (in contrast to completely eliminating them) can be a very effective means of increasing

separation factors.
Mixed Gas Separation System

The separative performance of our membranes has been determined to date using a permeance test
system that measures flows of pure gases through a membrane at temperatures up to 275°C. Using these
data, the separation factor of the membrane for a particular gas pair is determined from the ratio of the
pure gas specific flows. '

An important goal for FY 1996 is to develop a mixed gas separation system for measuring the
separation efficiency of membranes at higher temperatures. Performance criteria have been established
for the planned mixed gas separation system. The test system will measure the separation efficiency of
membranes at temperatures up to 600°C and pressures up to 100 psi by separating the constituents of a
gas mixture containing hydrogen. The system will accommodate our typical experimental membrane that
is tubular and has a diameter of about 9 mm and a length of about 23 cm. Design of this test system has
been completed, and specifications have been developed for system components. A diagram of the system
is shown in Fig. 4. The test system has been designed to operate with binary gas mixtures such as
hydrogen/methane or hydrogen/carbon dioxide. The mixed gas will be fed into the tubular membrane at
pressures up to 100 psi, and the membrane will separéte the gas mixture into a permeate stream and a
raffinate stream. The membrane will be sealed in a holder mounted in a split tube furnace to permit
membrane separations to be evaluated at temperatures up to 600°C. The compositions of the three gas
streams will be measured with a gas chromatograph equipped with a thermal conductivity detector. Other
variables to be measured include the flow rate of the feed gas stream and the temperatures and pressures
of all three of the gas streams. These data taken over a range of flows and pressures will permit the
separation efficiency to be determined as a function of the operating conditions and from these data the
separation factor can be evaluated.

One of the significant technical challenges involved in designing the test system was to establish a
method for sealing a tubular alumina membrane into a metal holder to provide an assembly that would
tolerate heating to 600°C. A method has been developed that involves joining a tubular section of a low-
thermal-expansion metal alloy to the ends of the porous alumina tube using a glass glazing technique as
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shown in Fig. 5. Several test assemblies have been prepared with the alloy tubing glazed to the end of the
ceramic membrane. These glazed assemblies have been thermally cycled to 600°C and back to room
temperature as many as six times. The test assemblies have remained leak free following such thermal
cycling, indicating that this sealing method should be suitable for use in the test system.
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Fig. 5. Metal end pieces glazed to ends of a porous alumina tube.
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MIXED OXYGEN ION/EL ECTRON-CONDUCTING CERAMICS
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ABSTRACT

Mixed oxygen ion and electron-conducting ceramics are unique materials that can
passively separate high purity oxygen from air. Oxygen ions move through a fully dense
ceramic in response to an 0Xygen concentration gradient, charge-compensated by an electron
flux in the opposite direction. Compositions in the system La; xMxCo1.y,FeyN;Os.5,
perovskites where M=Sr,Ca, and Ba, and N=Mn, Ni, Cu, Ti, and Al, have been prepared
and their electrical, oxygen permeation, oxygen vacancy equilibria, and catalytic properties
evaluated. Tubular forms, disks, and asymmetric membrane structures, a thin dense layer on
a porous support of the same composition, have been fabricated for testing purposes. In an
oxygen partial gradient, the passive oxygen flux through fully dense structures was highly
dependent on composition. An increase in oxygen permeation with increased temperature is
attributed to both enhanced oxygen vacancy mobility and higher vacancy populations.
Highly acceptor-doped compositions resulted in 0xygen ion mobilities more than an order of
magnitude higher than yttria-stabilized zirconia. The mixed conducting ceramics have been
utilized in a membrane reactor configuration to upgrade methane to ethane and ethylene.
Conditions were established to balance selectivity and throughput in a catalytic membrane
reactor constructed from mixed conducting ceramics.

INTRODUCTION

Mixed oxide compositions in the (La,Sr)(Co,Fe)O5 5 system (ABOj; perovskite structure)
are known to exhibit substantial ionic and electronic conductivity at elevated temperatures.!-5
This behavior makes them attractive candidate materials for many important applications,
including solid oxide fuel cell cathodes, oxygen separation membranes, and membrane
reactors for synthesis gas production (carbon monoxide and hydrogen) and the partial
oxidation of hydrocarbons. While the ionic conductivity in these materials frequently
accounts for less than 1% of the overall electrical conductivity, the magnitude of the ionic
conductivity can be quite large relative to other oxygen ion conductors such as yttria-
stabilized zirconia. A spontaneous flux of oxygén through fully dense, mixed conducting

1 Research sponsored by the U. S. Department of Energy, Fossil Energy AR&TD Materials Program.
Pacific Northwest National Laboratory is operated by Battelle for the U. S. Department of Energy under
Contract DE-AC06-76RLO 1830.
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specimens will occur when these materials are
placed in an oxygen partial pressure gradient at
elevated temperatures. The ionic current
resulting from this flux of oxygen ions is
compensated internally by an electronic
current, so that no electrodes or external
circuitry are required for the oxygen flux
through the membrane to occur. Passive
oxygen flux through a fully dense, mixed
conducting ceramic membrane is shown
schematically in Figure 1.

In this study, perovskite compositions in
the system La; M, Co,_y ,Fe;N,O3 5, where

=Sr,Ca, and Ba, and N=Mn, Ni, Cu, Ti,
and Al, have been prepared and their electrical,
oxygen permeation, oxXygen vacancy
equilibria, and catalytic properties evaluated.

ceramic
membrane

1/205+2¢" 0% —»
—» 02 | A 1/202+2¢€”
pressurized pure oxygen
-air collection

Figure 1. Schematic of oxygen separation
using mixed electron and ion-conducting
ceramic membranes.

The purpose of this work is to develop compositions and forms that support a high oxygen

flux, yet retain sufficient chemical and mechanical stability to enable the use of this class of

materials as oxygen separation membranes, as membrane reactors operating in dual oxidizing

and reducing environments, and as the cathode in a fuel cell operating at intermediate

temperatures.

EXPERIMENTAL METHODS

Compositions within the system La; (M;Coy_y ,Fe,N,Os 5 (M=Sr,Ba,Ca; 0.4 <x <0.8;
0.2 <y < 0.8; N=Mn, Ni, Cu, Ti, and Al) were prepared using the glycine-nitrate

combustion synthesis technique.® After mixing metal nitrate solutions in the appropriate

proportions, glycine was added as a fuel and complexant. The resulting mixtures were then

heated in stainless steel beakers on a hot plate to the point of combustion. The resulting ash

was calcined at 850°C for 12 h in air. The calcined powders were compacted using uniaxial

pressure (55 MPa) and then pressed isostatically (138 MPa). The pressed compacts were

sintered in air in a MoSi, furnace using a heating rate of 5°C/min and a cooling rate of
2°C/min; typical sintering conditions to achieve relative densities > 90% were 1150-1250°C

for 2-4 h.
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Electrical conductivities of sintered bars were measured as a function of temperature
(25-1100°C) in air by a 4-point pﬁlsed dc method using platinum electrodes and a heating and
cooling rate of 1.6°C/min. Thermogravimetric analyses(TGA) were performed on calcined
powder specimens using a heating rate of 5°C/min and a cooling rate of 2°C/min. The TGA
measurements were performed in several different atmospheres (dry air; 10,000, 1,000, and
100 ppm O, in N,). Passive (i.e., no applied field) oxygen permeation measurements were
performed between 720 and 950°C using sintered disc specimens (nominal dimensions: 20
mm dia. X 2 mm thick) sealed in an alumina test cell with gold gaskets. Oxygen or air was
used as the source gas with nitrogen as the carrier gas. An oxygen sensor and mass
spectrometer were used in calculating the oxygen fluxes. Phase development was determined
by x-ray diffraction analysis using Cu Ko radiation. Semi-quantitative analysis of phase
concentrations was based on comparison of observed peak heights after background
subtraction. Room temperatﬁre oxygen stoichiometries of calcined powder specimens were
determined by iodometric titration.” ‘

RESULTS AND DISCUSSION

Phase Development

Phase development after calcination in air at 850°C and sintering in air at 1200°C were
determined by x-ray diffraction analysis for each of the compositional series. The
(LaSr)(CoFe)0;_5 compositions were essentially single-phase perovskite solid solutions after
heating to 850°C, while the calcium and barinm-containing compositions typically required
higher temperature treatment to yield a high proportion (= 95 wt %) of the desired perovskite
phase. Inthe (LaCa)(CoFe)Os g materials, additional phases observed included CayFe;Os,
Ca,C0,05, CaFe;0s5, and CoO. Compositions of (LaBa)(CoFe)O;_5 with a Ba content >
0.6 mole fraction contained multiple perovskite-type phases, as well as other phases (e.g.,
BasFe,40,¢, BaCOs), after the 850°C calcination. After heat treatment at 1200°C, they were
nearly single-phase perovskites, with small quantities of additional phases (e.g., BaFe;Oy,
Ba,Fe, 05, and BazFe,Og).

Oxygen Stoichiometry

All of the materials studied exhibited a substantial reversible weight loss when heated in
air. This weight loss upon heating was due to a partial loss of lattice oxygen, so that the
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oxygen stoichiometry, 3-5, decreased with increasing temperature. The magnitude of the
oxygen loss during heating was highly dependent on composition, and tended to increase
with increasing acceptor (Sr,Ba,Ca) content. The temperature at which oxygen loss began to
occur was also highly dependent on the composition, with oxygen loss beginning to occur at
lower temperatures as the acceptor content increased. Coupled with iodometric titration
results,the oxygen stoichiometry (3-8) could be determined. Results for (LaSr)(CoFe)O5_;
are given in Figure 2. Compositions in the series (LaBa)(CoFe)O3_s tended to exhibit a
higher degree of oxygen non-stoichiometry. Lower oxygen loss found for compositions
high in cobalt compared to those compositions high in iron indicate that cobalt is more
resistant to oxidation than iron in the perovskite structure. The absence of hysteresis in the
TGA results during heating and cooling at different rates indicates that the materials were

close to their equilibrium oxygen contents during the measurements.

3.10

3.00+

2.90+

2.80+

2.70+

Oxygen Stoichiometry, 3-5

2.60+
LaSrCoFeO3-3

2.50

{ ! ] 1 i
0 250 500 750 1000 1250 1500
Temperature, K

Figure 2. Oxygen stoichiometry as a function of temperature for the indicated
LaSrCoFeQs_s compositions, measured in air. Open symbols refer to heating data; closed
symbols refer to cooling data.
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Electrical Conductivity

Electrical conductivities for each compositional series were determined as a function of
temperature using the 4-probe dc method. Because the ionic transport number in these
compositions is low (typically less than 1%), the bulk conductivities obtained by these dc
4-probe measurements were representative of the electronic conductivity of the materials.
The conductivity was enhanced by increasing the Co content; this result is consistent with
previous studies on acceptor-doped LaFeO; and LaCoO3.8: 9 Activation energies ranged from
0.03-0.29 eV. This behavior is consistent with small polaron conduction, with localized
electronic carriers having a thermally activated mobility.

At higher temperatures, a substantial decrease in electronic conductivity with increasing
temperature was observed. When a divalent acceptor (e.g., St) is substituted for trivalent La,
electroneutrality requires that the effective negative charge of the Sr cations be compensated
by an increase in valence of some of the B-site cations (electronic compensation) and/or the
formation of oxygen vacancies (ionic compensation). Electronic compensation results in an
increase in the average valence of the transition metal cations, while ionic compensation
reduces the oxygen stoichiometry. At low temperatures, the charge compensation for
Lag St 4C0g 2Feq 805.5 is primarily electronic, with a substantial fraction of B-site cations
being converted from the trivalent to the tetravalent state due to the presence of the acceptor
cations. At higher temperatures, ionic compensation becomes significant, while the electron
hole population is lowered.

Oxygen Permeation and Ionic Conductivity

Oxygen permeation rates through sintered specimens of several (LaSr)(CoFe)Os_5
compositions are shown as a function of temperature in Figure 3. The specimen thickness
was ~2 mm. Oxygen or air was the source gas on the high P(O,) side, with nitrogen being
used as the carrier gas. In the (LaSr)(CoFe)O3 5 compositions, the oxygen flux increased
significantly with increasing Sr content,. Oxygen flux also increased with increasing
temperature, attributed to an increase in the mobility of the lattice oxygen vacancies (the
hopping of vacancies from site to site is thermally activated), as well as the increase in the
concentration of lattice oxygen vacancies. Fluxes fot the (LaCa)(CoFe)O5_; compositions
were much lower than for the (LaSr)(CoFe)O3 5 compositions. Barium-substituted
compositions gave oxygen fluxes comparable to those containing a like concentration of Sr,
and higher fluxes than those containing Ca.
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Figure 3. Oxygen permeation as a function of temperature through sintered specimens of
the indicated LaSrCoFeOs_; composition. The membrane thickness was approximately 2 mm
for each composition, while the oxygen partial pressure gradient was approximately 10.

The oxygen flux through the bulk of a mixed conducting membrane should be inversely
proportional to the thickness of the membrane. Thus, to maximize oxygen flux, the
membrane thickness should be minimized. Very thin, self-supporting membranes of this
type are mechanically very weak and of little practical importance. When thin films were
prepared on a porous MgO or Al,O; support, differences in thermal expansion behavior
resulted in membrane cracking. A promising alternative approach is to fabricate an
asymmetric membrane structure, consisting of a thin, dense membrane on a porous support
of the same composition, by tape calendering. An organic phase was included in the ceramic
powder plus plasticizer mixture that formed a porous structure during burnout. The porous
support allowed relatively free transport of oxygen to the dense membrane surface, and
provided much needed mechanical support. Because the support and dense membrane

consisted of the same composition, there was no thermal expansion mismatch. A micrograph
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of a cross-section of an LaSrCoFeO;_;-6428 membrane is given in Figure 4. Molecular
oxygen fluxes as a function of temperature for an approximately 2 mm thick and an
approximately 15 pm thick asymmetric membrane are given in Figure 5, along with
calculated fluxes for different membrane thicknesses. An improvement of approximately two
orders of magnitude was realized for the 15 pym thick membrane compared to the 2 mm thick
membrane.

dense
porous support membrane

A

Figure 4. Asymmetric membrane structure consisting of a fully dense layer on a porous
support of the same composition, made by tape calendering.

At some point, however, surface exchange kinetics will become rate limiting, so that any
further reduction in membrane thickness will not result in an increase in the oxygen flux.
Bouwmeester et al.10 calculated the characteristic thickness of various membrane
compositions, below which oxygen permeation is controlled by surface exchange kinetics.
The characteristic thickness for Sr-doped LaCoO3 and LaFeQj5 varied from 20 to 500 ym at
900°C.

If a material is to be a successful candidate for oxygen membrane applications, it must
exhibit long-term phase stability under the membrane operating conditions. In general, the
perovskite systems evaluated in this study do not exhibit high stability towards reducing
atmospheres at elevated temperatures, typical of membrane reactor applications. These
materials are stable under oxidizing condtions, typical of oxygen separation devices. A

v
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Figure 5. Oxygen flux versus temperature for two different thicknesses of the
composition LaSrCoFe03-6428. Oxygen flux is inversely proportional to membrane
thickness, to a limit imposed by surface processes.

membrane of composition Lag ,Sry gCoq ,Fey 05 5 operated for 340 h in an oxygen
gradient of 10 at 775°C with minimal decrease in oxygen flux (<5 %), as given in Figure 6.
Similarly, Lag ¢St 4Coq 2Feq 8055 gave an essentially constant flux at 800°C for nearly
1400 h. These observations are in contrast to the results of a study by Kruidhof et al.1! for a
related composition (Lag ¢Srg 4C005_5) at a slightly lower temperature, 750°C. The
observed long-term stability indicates that the oxygen fluxes measured during the oxygen
permeation trials in this study were true fluxes through the membrane rather than false
transient fluxes resulting from oxygen depletion of the perovskite lattice.

From the rates of oxygen permeation, membrane thicknesses, and oxygen partial pressure
gradients, oxygen ion conductivities were calculated. Activation energies for oxygen ion
conductivities varied from approximately 0.6 to 1.8 eV, depending on composition, as given
in Table 1. The activation energies reflect not only the mobility of oxygen ions in the solid,
but also the formation of oxygen vacancies at elevated temperatures.




125

1E-06

L.20.2S10.8C00.8Fe0.203-5 at 775°C

1E-07

% 1.20.6S10.4C00.2Fe0.803-5 at 800°C
% 1E-08-
=
=
=) 1E-09%
i
g
= 1E-10~ 1.20.6S10.4C003-5 at 750°C
& Kruidhof et al. (1993)
1E-11 , .
0 500 1000

Time, h

1500

Figure 6. Long-term oxygen flux measurements for several mixed conductor

compositions.

Table 1.  Ion Conductivities at 900°C and Activation Energies for Oxygen Ion
Conduction for Mixed Electron and Ion-Conducting Membranes

Composition Tonic Conc uctivity at 900°C Activation Energy

' (ohms-cm, (eV)

Lag ¢S10.4C00.2Fe0.803-5 0.23 1.30
Lag 4S10.6C00.2Fe0.803-5 0.40 0.95
Lag Sr0.8Co0.2Fe0.803-5 0.62 0.85
Lag »Sr0.8Co0.8Fe0.203-5 0.87 0.66
Lag 4Cag 6Coo.2Fe0.803-5 0.03 0.70
Lag 4Cag.6Coo.8Fe0.203-5 0.01 1.80
Lag ¢Bag.4Coo.2Fe0.803-5 0.01 1.64
Lag 4Bap 6Coo.2Fe0.803-5 0.33 0.90
Lag »Bap 8C00.2F€0.803-5 0.37 0.65
Lag 6Sr0.4Co0.2Fe0.6A10.203-5 0.15 0.83
Lag 6S10.4C00.2Fe0.6Cr0.203-5 0.03 1.63
Lag 6Sr0.4C0p.2Fe0.6Cu0.203-5 0.10 1.34
Lap 6St0.4C00.2Fe0.6Ni0.203-5 0.10 0.84
Lag 6510 4C0p 2Fep 6Tip.205-5 0.04 1.34
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SUMMARY

Perovskite ceramics in the system La; zM,Co,_y ,Fe N, 05 5, where M=Sr,Ca, and Ba,

and N=Mn, Ni, Cu, Ti, and Al, have been prepared and their electrical, oxygen permeation,
oxygen vacancy equilibria, and catalytic properties evaluated. These materials exhibit mixed
electron and oxygen ion conductivity, and are useful as oxygen separation membranes, fuel
cell cathodes, and membrane reactors. Highly acceptor-doped compositions resulted in
oxygen ion mobilities more than an order of magnitude higher than yttria-stabilized zirconia.
An asymmetric membrane structure was fabricated by tape calendering, consisting of a fully
dense, thin layer on a porous support of the same composition. This arrangement provided a
high molecular flux, yet was mechanically robust. Little degradation in molecular flux was
found for times up to approximately 2 months for most compositions.
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ABSTRACT

A coal extraction process coupled with coal hydrotreatment has been
shown capable of producing suitable precursors for a variety of commercially
important carbon and graphite products. The N-methylpyrolidone (NMP) extracts
of hydrotreated coals have been analytically and chemically characterized and
shown to have properties acceptable for use as binder and impregnation pitch.
Mesophase formation studies have demonstrated their capability for producing
both needle and anode grade coke as well as precursors for mesophase pitch
fibers. A graphite artifact has been produced using a coal extract as a binder and
coke. derived from the extract as a filler. Further evaluation of the extract
materials is being carried out by industrial members of the Carbon Products
Consortium.

I. WVU Extraction Process and Preparation of Coal Extracts

For the past eight years, workers in the Chemical Engineering
Department at West Virginia University have been developing a technique
based on solvent extraction of coal whereby significant quantities of the
organic material in coal can be separated from the inorganic contaminants(?).
The process employs a novel class of organic compounds known as dipolar
aprotic solvents. When bituminous coal is treated with these solvents at their
normal boiling point, much of the carbonaceous material in the coal is
solubilized and the inorganic matter remains as an undissolved solid.

Through simple filtration the solution is separated from
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the residual inorganic solids and the organic material is reconstituted by
evaporation of the solvent. Through efficient use of evaporative
technologies, virtually all of the solvent is recovered and recycled in the
process. /

It has been found that for most bituminous coals indigenous to the
Appalachian region, extract yields in the range of 30 to 50% by weight of
the original coal can be realized. Moreover, if the raw coal is first treated
by mild hydrogenation, extract yields high as 80% can be achieved. Most
importantly, by adjusting processing conditions and/or blending extracts. A

variety of extracts with different properties can be obtained.

A successful program was completed for the U. S. Department of
Energy in which cokes produced from the solvent extraction process were
utilized as feedstocks for the production of fine-grained, isotropic,
graphite®.  Furthermore, the program demonstrated that precursors
suitable for a number of other carbon products could be produced from the
process.

The objective of this present program was to establish the suitability of the
extracts as precursors for commercially significant carbon products
including the following: binder pitch, impregnating pitch, needle coke for
electrodes, anode grade coke, carbon/carbon matrices, and a precursor for
mesophase pitch. The ultimate evaluation of materials would be made by

Industrial Partners of a Consortium formed for investigation of coal-based

precursors for carbon products.

This study reports results for materials prepared by the extraction
of hydrotreated coals with N-methylpyrrolidone (NMP) solvent.
Two different sub-bituminous West Virginia coals were employed in the
process. Initially, the coals were hydrogenated in a one-liter autoclave
using 2,000 psi hydrogen and temperatures of 350-450 in both the presence

and absence of a catalyst. Tetralin was employed as a hydrogen donor.
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The hydrogenated coal was transferred to a rotary evaporator to remove
unreacted tetralin. After tetralin removal, N-methylpyrrolidone was added
to the mixture and agitated at 140°C for 1 hour. The
NMP-hydrogenated-coal slurry was then transferred to a centrifuge to
separate the solids. Finally, NMP soluble coal extract was isolated from
the NMP by rotary evaporation and then vacuum dried. Larger-size
samples were produced using 1-gallon autoclaves: Typically, 600g of
powdered coal and 1.8L tetralin were placed into the stirred reactor and
pressurized to 2,000 psig, initial cold hydrogen pressure. Between 3 and
4 hours were required to reach final temperature after which several more
hours were needed to reach ambient temperature. The extract separations

were performed similarly to the small-scale samples.

IL Characterization of Coal Extracts

The NMP extracts prepared at WVU from hydrotreated coals were
characterized by a variety of analytical techniques including: elemental C,
H, N, O, S, analysis, thermogravimetric analysis (TGA), Proton NMR,
solvent extraction with toluene and trichlorobenzene (TCB), Mettler
softening point measurement, determination of modified Conradson carbon
content (MCC), and Gel Permeation Chromatography (GPC) for
evaluation of molecular weight distribution (MWD). Mesophase formation
studies were also carried out by direct observation on the microscope hot
stage and by separate heat treatment for subsequent examination by
polarized light microscopy. Although these evaluations were performed
for a variety of extract materials, prepared using different reaction
conditions, results are reported here only for NMP extracts from coal
hydrotreated at 450°C. These products were found to be the most suitable
for the wide variety of carbon products encompassed by the Consortium

Team.
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Two different West Virginia bituminous coals designated as
WVGS-13421 and WVGS-13423 were hydrotreated at 450°C for 2 hours
without use of a catalyst. The NMP extracts obtained in 70-85% yields
were then characterized in detail. The analytical results are summarized in

Table I

Table 1
Properties for NMP Coal Extracts of Hydrotreated Coals

. 450°C =2 His. | 450°C ~ 2 Hrs.
/:1Coal 13421 |3  Coal 13423 .

SP, °C 104.7 115.3

MCC % 52.9 51.7

TGA Yd% 34 31

C, % 88.9 89.6

H, % 5.85 5.78

C/H Ratio 1.28 1.30

N, % 2.20 1.90

0, % 2.74 2.49

S, % 0.45 0.33

ArH% 45 48

Mn (GPC) 367 389

Mesophase (1) 272 136

The Mettler softening points and carbon yield (MCC) values are in
the range of commercially produced binder and impregnant pitches.
However, in addition to being solids free, these extracts differ in a number
of properties from conventional pitches. The very low aromatic hydrogen
contents from NMR, reflect the extensive hydrogenation of aromatic ring
systems during the coal pretreatment. The extracts also have substantially
higher N and O contents than standard coal tar or petroleum-derived
pitches. The molecular weight distributions are comparable to those of

commercial pitches.
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II.  Mesophase Evaluation of Coal Extracts

The nature of the formed mesophase is a suitable guide for the
applicability of these extracts for many different carbon precursors. The
extracts were heat treated for mesophase domain size evaluation using a

published technique®

). The results are listed in Table I and as can be seen,
the WVGS-13421 gave a substantially larger domain size than the
WVGS-13423 extract. The large domain size of 272 is comparable to
that found for needle coke precursors for high-performance graphite
electrodes and is in the range of materials suitable for mesophase pitch
fibers. This large domain size is surprising in view of the high-oxygen
content of the extract. A high-oxygen content has been believed to be

detrimental for mesophase formation in coal extracts.

IV.  FEabrication of Graphite Artifacts from Hydrotreated Coal

Extracts

We produced a graphite artifact using coke derived from the
WVGS-13421 extract as the filler and the coal extract itself as the binder.
The raw coke was prepared at WVU and then calcined to 1,100°C by
T. Burchell at the Oak Ridge Laboratory. The calcined coke was mixed
with 1/3 by weight of the coal extract binder and then extruded to produce
19mm-diameter rods. The rods were baked and graphitized to 3,000°C.

The properties measured for the graphitized rods were the following:

Coefficient of Thermal Expansion (CTE) = 0.26 x 10°/°C
Specific Resistance = 9.55 micro-ohm-meters

Density = 1.38/gcc
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The very low CTE value of 0.26 is similar to that measured for

electrode graphite derived from petroleum needle coke.

V. Activation of Coal Extraction Residues

The economics of the coal extraction process would be improved if
the extraction residues also had some value. For this purpose, we
attempted to activate these materials to produce a high surface area carbon.
We obtained samples of the NMP extraction residue of raw coal
WVGS-13421, as well as the extraction residue of the coal hydrotreated at
450°C for 2 hours. Both materials were activated in an H,O/N, mixture at

900°C using a tumbling furnace.

After activation, the measured surface area for the activated residue
from the untreated coal was 770 m?*/gm while that for the hydrotreated coal
was 212 m’gm. The lower surface area of the hydrotreated residue is
expected since it would have a greater ash content than the residue from

the untreated coal.

VI. Conclusions

Our evaluation studies have demonstrated that the coal extraction
process coupled with hydrotreatment can produce materials that are
suitable for use as pitches, coke precursors, or mesophase raw materials.
We have also demonstrated that coke derived from hydrotreated coal
extract can be used to produce graphite with a low coefficient of thermal
expansion, a requisite for graphite electrodes. By altering the processing
conditions and the use of blends, it would be possible to produce graphites

with varying degrees of anistropy. Additionally, the extraction residue can
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be activated to produce an activated carbon.” No other known process has

the flexibility for producing this range of carbon materials.
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A NOVEL APPROACH TO THE REMOVAL OF CO,

T. D. Burchell, R. R. Judkins, M. R. Rogers, and A. M. Williams

Oak Ridge National Laboratory
P.O. Box 2008
Oak Ridge, TN 37831-6088

ABSTRACT

The removal of CO, from gas streams is becoming increasingly significant in the field of
energy production. A porous monolithic activated carbon material (CFCMS) has been developed
that is both strong and rigid, yet is permeable, and thus offers little resistance to the free-flow of
fluids. The material has a unique combination of properties, including reasonable compressive
strength, electrical conductivity, a large micropore volume, and a large CO, adsorption capacity.
At 30°C and atmospheric pressure, CFCMS has a CO, uptake >100 mg/g. The uptake is reduced
at elevated temperatures, dropping to ~40 mg/g at 100°C. However, the CO, uptake increases
substantially with pressure, such that at 25°C and 58 bar the mass of CO, adsorbed is >490 mg/g.
The ability of CFCMS to selectively remove CO, from a CO,/CH, gas mixture is demonstrated in
a series of breakthrough experiments. The unique combination of properties of CFCMS has been

exploited to effect the rapid desorption of CO, under the influence of a low applied dc voltage.
INTRODUCTION

The removal of CO, is of significance in several energy applications. The combustion of
fossil fuels, such as coal or natural gas, releases large volumes of CO, to the environment.
Several options exist to reduce CO, emissions, including substitution of nuclear power for fossil
fuels, increasing the efficiency of fossil plants, and capturing the CO, prior to emission to the
environment. All of these techniques have the attractive feature of limiting the amount of CO,
emitted to the atmosphere, but each has economic, technical, or societal limitations. In the
production of natural gas, the feed stream from the well frequently contains contaminants and
diluents which must be removed before the gas can enter the pipeline distribution system.
Notable amongst these diluent gasses is CO,, which has no calorific value. Currently, the pipeline
specification calls for <2 mol % CO, in the gas. Gas separation is thus a relevant technology in

the field of energy production. A novel separation system based on a parametric swing process
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has been developed that utilizes the unique combination of properties exhibited by our carbon
fiber composite molecular sieve (CFCMS).

The CFCMS is a monolithic activated carbon composed of petroleum pitch-derived
carbon fiber and a phenolic resin-derived binder'?, Routiﬁely, fiber microporosity with surface
areas >1000 m%g are obtained using pitch fibers. The binder phase content is quite low and
provides a monolithic structure by bonding the fibers at contact points only, thus rendering the
CFCMS macroporous. The CFCMS offers, therefore, a highly adsorbent material with véry little
resistance to bulk gas flow. Experiments conducted at ORNL have shown the CFCMS to have a
high affinity for carbon dioxide compared to zeolites and conventional granular activated carbons.
The CFCMS also allows certain equipment variations not possible with granular materials. It can
be molded into almost any shape, i.., shape is constrained only by the ability to fabricate molds,
where constraints appear to be minimal. The CFCMS can be machined by skilled operators using
conventional tooling. These features permit the activated carbon to be formed to a desired shape
to meet process equipment constraints as opposed to conventional filling of vertically-oriented
vessels with granular carbon. Granular carbon systems are also subject to attrition due to abrasive
wear in service, and channeling of the gas being processed as a result of inhomogeneous packing
in the beds. Use of the CFCMS would permit the employment of, for example, horizontally-
oriented vessels with controlled flow of the natural gas with the contaminants/diluents to be
adsorbed through the adsorbent without risk of channeling and bypass flows.

The CFCMS is, as a result of the continuity of the fiber-matrix unit, electrically
conductive. Advantage has been taken of this property to develop a novel desorption process we
have termed electrical (or voltage) swing adsorption. On saturation of the CFCMS with, for
example, carbon dioxide, immediate desorption can be accomplished by application of very low
voltages (in our experiments we have used 0.5-1 volt) across the adsorbent. There are many
important operational implications of this desorption process. The system pressure and
temperature do not have to be altered as they do in other parametric swing processes such as
pressure swing adsorption (PSA) or temperature swing adsorption (TSA). The electrical swing
adsorption process is extremely fast in comparison to PSA or TSA. It is an inherently low-energy
process compared to the energy requirements of PSA or TSA processes. All of these features
suggest a great deal of system and operational simplicity. We present below the results of several
experiments which demonstrate the performance of the CFCMS and the electrical swing

adsorption process.
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EXPERIMENTAL |

The CFCMS material used in this study was fabricated using a process initially developed
by the U. S. Department of Energy (USDOE) for the production of thermal insulators for NASA
space missions®. The CFCMS synthesis route has been described in detail previously’. Isotropic
pitch-derived carbon fibers are mixed with powdered phenolic resin to form a water slurry. The
slurry is transferred to a molding tank and the water drawn through a porous screen undér
vacuum. The resultant green artifact is dried, cured at 60°C in air, and stripped from the mold
screen. The composite is cured at ~150°C in air prior to carbonization at 650°C in an inert gas.
The final synthesis stage involves activation of the composite in moisture saturated He in the
temperature range 800-950°C. .

Porosity characterization was performed using nitrogen adsorption and mercury intrusion.
Nitrogen adsorption isotherms were measured at 77 K using our Autosorb-1 instrument.
Micropore size analysis used a variety of methods, including the Brunauer, Emmett, and Teller
(BET)’ method for surface area and the Dubinin-Astakhov (DA)® method for micropore radius
and the t-method for micro-pore volume. CO, and CH, adsorption isotherms for CFCMS were
also obtained using the Autosorb-1 apparatus over the pressure range 0.1 to 760-mm Hg and at
temperatures of 30, 60, and 100°C. High pressure CO, and CH, adsorption data (850 psi max.)
were obtained using a gravimetric apparatus, courtesy of Westvaco Corporation.

A schematic diagram of our experimental breakthrough apparatus is shown in Fig. 1.

The feed gas flows through a CFCMS sample (25.4-mm diameter and 76.2-mm long) to a vent. A
sample of the downstream-gas is fed to a mass spectrometer allowing on-line monitoring of the
exit gas composition. Flowmeters (F1 & F2) are positioned either side of the CFCMS sample.
Electrical leads are connected to each end of the sample creating an electric circuit through the
sample which allows an electric current to flow. On saturation of the CFCMS with, for example,
carbon dioxide, immediate desorption can be accomplished by application of very low voltages (in

our experiments we have used 0.5-1 volt) across the adsorbent.

RESULTS AND DISCUSSION

Our previous gravimetric studies of CO, adsorption indicated that at 25°C and
atmospheric pressure CFCMS can adsorb >100 mg of CO, per gram of CFCMS™. Here we
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Fig. 1. Schematic drawing of our experimental breakthrough apparatus.
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report the extension of our CO, adsorption data to higher temperatures and pressures.
Moreover, breakthrough experiments were conducted to determine the efficacy of CFCMS at

separating CO, from CH,.
Micropore Structure Analysis

A series of CFCMS cylinders was prepared and activated to bur‘n-offs ranging from 9 to
36% and the BET surface area and micropore size/volume determined from the N, adsorption
isotherms. Table 1 reports the mass and average burn-off for each of the four cylinders (25-mm
diameter x 75-mm length), and their BET surface area, micropore volume (t-method), and mean
micropore radius (DA method). Samples were taken from the top (T) and bottom (B) of each
cylinder for analysis. Where the measured BET surface areas were widely different between the

top and bottom of the cylinders a repeat measurement was performed.

Table 1. Micropore analysis data for activated CFCMS samples.

Pore Volume | DA Pore
[t-method] i

Specimen (cm’/g)

21-11 T 11.96 9 485 - 0.70
21-11 B 11.96 9 540 0.212 0.65
21-2B T 11.01 18 770 0.282 0.72
21-2B B 11.01 18 1725 0.603 0.70
21-2B B 11.01 18 961 0.328 0.71
(repeat)

21-2D T 9.86 27 939 0.305 0.75
21-2D B 9.86 27 2470 0.866 0.75
21-2D B 9.86 27 2477 0.791 0.75
(repeat) .

21-2CT 8.86 36 923 0.235 0.87
21-2C B 8.86 36 2323 0.723 0.75
21-2CB 8.86 36 856 0.270 0.75
(repeat)
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The BET surface area increases with burn-off, approaching 2500 m%g at >25% bum-off.
The micropore size (DA pore radius) is apparently less sensitive to burn-off (Table 1) and
increases only slightly over the weight loss range reported here. The pore volume (t-method)
varies with the BET surface area, increasing with burn:off. The observed variations in BET
surface area and micropore volume and radius are in agreement with our previous data®. In
addition to the data reported above, a density function theory (DFT) analysis was performed on
the N, adsorption isotherm for sample 21-11B. The isotherm (Fig. 2) is a "type 1" isotherm®, as
were all the isotherms obtained for our CFCMS materials. Figure 3 shows the DFT analysis
results, which indicate a micropore (<2-nm width) distribution centered at approximately
0.4-0.5-nm radius. This value is somewhat smaller than DA pore radii reported in Table 1, but
agrees well with our previously published DR method pore width data for CFCMS with similar
burn-offs®. The pore volume attributable to the micropores is also shown in Fig. 3. Summing the
volume elements for pore half widths <10A yields a micropore volume of approximately 0.16
cm’/g, which is in reasonable agreement with the "t-method" micropore volume data in Table 1
for CFCMS samples 21-11 B and T.

CO,/CH, Adsorption Studies '

Adsorption isotherms were obtained at temperatures of 30, 60, and 100°C at pressures up
to one atmosphere for CO, and CH, (Figs. 4 and 5). Both of the CFCMS samples analyzed (21-
11 and 21-2B) adsorbed less CO, at 60 and 100°C than at 30°C. At 100°C the amount of CO,
adsorbed was approximately one third that adsorbed at 30°C. Both CFCMS specimens displayed
similar trends with respect to CH, adsorption. CFCMS has a greater uptake of CO, compared to
CH, at all of the temperatures studied here. For example, at 30°C approximately 50 cm®/g of CO,
was adsorbed whereas only approximately 27 cm¥/g of CH, was adsorbed at one atmosphere
pressure. Figure 6 shows the variation of the amount of gas adsorbed (CO, or CH,) at one
atmosphere pressure with temperature for two CFCMS specimens. The greater selectivity of
specimen 21-11 at 30°C is apparent. However, the selectivity of the two specimens is very similar
at 60 and 100°C.

Figure 7 shows CO, adsorption isotherms for CFCMS specimens 21-11 and 21-2B over
the pressure range 0.5-59 bar (8-850 psi), and CH, adsorption isotherms for the same specimens
over the pressure range 0.5-39 bar (8-560 psi). The measured volumetric (Fig. 6) and gravimetric

(Fig. 7) adsorption capacities at one atmosphere for both CH, and CO, are in good agreement
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for the CFCMS specimens. At one atmosphere, approximately 100 mg of CO, per g of CFCMS
and approximately 19 mg of CH, per g of CFCMS were adsorbed. The quantities of gas
adsorbed rose to >490 mg/g (CO, on specimen 21-2B) and >67 mg/g (CH, on specimen 21-2B).
Moreover, the CO, isotherms are still increasing with pressure whereas the CH, isotherms have
flattened (i.e., the CFCMS has become saturated with CH,). However, the data in Fig. 7 clearly
shows that CFCMS exhibits selective adsorption of CO, over CH,.

The CO, adsorption data discussed above suggests that CFCMS might provide for the
effective separation of CO, from CH,. To determine the efficacy of CFCMS for this purpose,
several steam activated samples were tested in the breakthrough apparatus (Fig. 1) described
previously. A typical breakthrough plot for a CH,/CO, mixture is shown in Fig. 8. Any entrained
air is initially driven out with a He purge. The input gas is then switched to a 2:1 mixture of
CH,/CO, at a flow rate of 0.33 slpm. The outlet stream He concentration decreases and the CH,
concentration increases rapidly (ie., CH, breaks through). Adsorption of CO, occurs and,
therefore, the CO, concentration remains constant at a low level for approximately six minutes
before the CO, concentration begins to increase, ie., "breakthrough"” occurs. Table 2 reports data
from our preliminary study of CO, separation. CO, capacities are reported as determined from
pure CO, and CO,/CH, mixtures on each specimen examined. The reported CO, capacities are
the means of several repeats of the breakthrough experiments, and the BET surface areas are the
means of the data reported in Table 1. Two of the CFCMS samples (lowest burn-off) had CO,
adsorption capacities of almost one liter on 0.037 liters of adsorbent, and only a small capacity
reduction was observed in.the CO,/CH, gas mixture. The CO, adsorption capacity decreases with

increasing burn-off, in agreement with the isotherm data.
A Novel Gas Separation System

CFCMS has a continuous carbon skeleton which imparts electrical conductivity to the
material. The carbon fibers used in the synthesis of CFCMS have, according to their
manufacture, an electrical resistivity of 5 millichm.cm. Figure 9 is a plot of the current-voltage
characteristics of a 2.5-cm diameter, 7.5-cm long CFCMS cylinder. The plot is linear, indicating
that in CFCMS electrical conduction obeys ohm’s law. At an applied dc potential of one volt,
approximately 5 amps flows through the CFCMS. The CFCMS samples electrical resistance is
thus 0.2 ohm and the resistivity is 131 millichm.cm. This resistivity is considerably greater than

that of the fibers, and is attributed to contact resistance and the lower electrical conductivity of
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the phenolic resin derived carbon binder. A consequence of the passage of an electric current
through the CFCMS is a heating effect, which causes the CFCMS to increase in temperature to
approximately 50-60°C. )

Table 2. CO, separation data from our CO, and CO,/CH, breakthrough experiments.

Bum-off BET Surface CO, Capacity (Liters)
Specimen No. (%) Area (m?%g) .
CO,/CH, I CO, only
21-11 9 512 0.73 0.97
21-2B 18 1152 045 0.98
21-2D 27 1962 0.39 0.80
21-2C 36 1367 0.35 0.80

We have utilized the electrical properties of CFCMS to effect a rapid desorption of
adsorbed gases in our breakthrough apparatus. The process has been named electrically
enhanced desorption, and the benefit of this technique is shown in Fig. 10 where the CO, and
CH, gas concentrations in the outlet gas stream of our breakthrough apparatus (Fig. 2) are shown
as a function of time. Three adsorption/desorption cycles are shown in Fig. 10. In the first and
second cycles (A and B in Fig. 10) desorption is caused by the combined effect of an applied
voltage (1 volt) and a He purge gas. In the third cycle (C in Fig. 10) desorption is caused only by
the He purge gas. A comparison of cycles B and C indicated that the applied voltage reduces the
desorption time to less than one third of that for the He purge gas alone (cycle C). Clearly, the
desorption of adsorbed CO, can be rapidly induced by the application of an electric potential.

We postulate two explanations for this effect. First, the passage of an electric current through the
CFCMS causes an increase in the materials temperature, which in turn thermally excites the
adsorbed gas, effecting the desorption. Second, the flow of electrons through the CFCMS
disrupts the weak dispersion or polar attractive forces which bind the gas in the micropores. The
ability of CFCMS to selectively adsorb CO, from a CH,/CO, mixture, combined with the
electrically enhanced desorption of the CO,, allow for a gas separation system where the
separation is effected by electrical swing, rather than the more conventional pressure or

temperature swings.
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CONCLUSIONS

A porous monolithic activated carbon material (CFCMS) has been developed that is
strong, rigid, and which overcomes problems associated with operation using granular adsorbents.
The open structure of CFCMS results in a permeable material which offers little resistance to the
free-flow of fluids. The material has a unique combination of properties, including reasonable
compressive strength, electrical conductivity and a large micropore volume.

CO, and CH, isotherms have been obtained for samples of CFCMS both volumetrically
and gravimetrically. At 30°C and atmospheric pressure the CFCMS material has a CO, uptake of
>50 cm¥g (>100 mg/g). The CO, uptake is reduced at elevated temperature, and falls to
approximately 20 cm?/g (40 mg/g) at 100°C. However, the adsorption of CO, increases with
increasing pressure such that at 58 bar the mass of CO, adsorbed increases to >490 mg/g.

Similar trends were observed for CH, adsorption on CFCMS, except that the adsorption capacity
was much less.

A series of breakthrough experiments was performed on CFCMS specimens and their
ability to selectively remove CO, demonstrated. The unique combination of properties of
CFCMS has been exploited to effect the rapid desorption of CO, from the materials. It has been
shown that for adsorbent configuration reported here a 4-5 amp current flowing under an applied

dc voltage of one volt causes a rapid desorption of the CO,.
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ABSTRACT

The characteristics of the fiber-matrix interfaces in ceramic matrix
composites control the mechanical behavior of these composites. Finite element
modeling (FEM) was performed to examine the effect of interface coating modulus
and coefficient of thermal expansion on composite behavior. Oxide interface
coatings (mullite and alumina-titania) produced by a sol-gel method were chosen for
study as a result of the FEM results. Amorphous silicon carbide deposited by
chemical vapor deposition (CVD) is also being investigated for interface coatings in
SiC-matrix composites. Processing routes for depositing coatings of these materials
were developed. Composites with these interfaces were produced and tested in
flexure both as-processed and after oxidation to examine the suitability of these
materials as interface coatings for SiC/SiC composites in fossil energy applications.

INTRODUCTION

Continuous fiber ceramic matrix composites require fiber/matrix interfaces which allow load
transfer from the matrix to the fibers when the composite materials are stressed. Crack deflection and
fiber pullout are also necessary components of the mechanical behavior of composites. Fiber/matrix
interfaces are currently on of the weak links in continuous fiber ceramic matrix composites materials
for applications in the oxidative environments which are typical of fossil energy applications.
Pyrolytic carbon performs well as an interfacial coating for Nicalon fiber-reinforced silicon carbide-
matrix composites, however it’s use in fossil energy applications may be limited because of its poor
oxidation resistance. If stressed above the point where the matrix cracks, air can penetrate into the
composites and oxidize the fiber/matrix interfaces. After very short times the composite’s mechanical
properties suffer and eventually the material becomes brittle.! Alternate interface coatings need to be
developed that are chemically stable with respect to the fiber and matrix materials, and thermally
stable and oxidation resistant at use temperatures.

Shanmugham et al? conducted FEM analysis and reported that a low modulus interfacial
coating will be effective in reducing the radial stresses that result on cooling to room temperature

from processing temperature. Further, for interfacial materials with the same modulus, a material with
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a higher thermal expansion coefficient than that of the fiber and the matrix may be more effective in
reducing the radial stresses than a material with a lower thermal expansion coefficient. These FEM
results were similar to the analytical modeling results of Hsueh et al’. In order to investigate the
above hypothesis, mullite and aluminum titanate were chosen as candidate interface materials for
further study.

Another approach being investigated is to deposit a modified form of SiC in the interface.
This idea was described previously by Lowden et al*. In a SiC fiber/SiC matrix composite, such an
interface would be chemically and mechanically stable and as thermally stable as the other
components of the composite. The modified SiC, amorphous in this case, would have a relatively low

modulus to encourage crack propagation at the fiber/matrix interface.

EXPERIMENTAL PROCEDURE

Composite preforms were prepared by stacking discs of ceramic-grade Nicalon™ plain-weave
cloth (Nippon Carbon Company, Tokyo, Japan) in a 0/30/60 sequence in graphite holders. After
immersing the preforms in acetone to remove the fiber sizing they were ready for interface coating
deposition. The oxide interface coatings were deposited by a sol-gel process described previously®.
Thin CVD carbon films were deposited on most samples on the fibers and/or on the interface coating
prior to matrix infiltration. These films were not thick enough to act as effective interface coatings,
but their purpose is simply to protect the samples from the corrosive CVD environment. Carbon
deposition conditions were: ‘

Temperature: 1100°C

Pressure: ~1-2 kPa

Time: 15 min

Gas flows: 25 cm®/min C,H;
500 cm’/min Ar.

The amorphous SiC interface coatings were also deposited by CVD, but at varying conditions. Only
the pressure was held constant, at atmospheric pressure (101 kPa). The reaction gases in this case
were methane (CH,), methylsilane (CH;SiH;) and Ar.

The composites were infiltrated using forced flow chemical vapor infiltration. In this process,
described in detail by Stinton et al®, the gases are forced to flow through the preform under
temperature and pressure gradients. When the pressure gradient reaches 200 kPa, the furnace
automatically shuts off and the gas flows are stopped. The reactants used are 0.3 cm*min
methyltrichlorosilane (MTS, CH,SiCl;) and 500 cm*/min hydrogen. The top temperature of the
preform holder is maintained at 1200°C and the pressure downstream of the part is 101 kPa.
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RESULTS AND DISCUSSION
Sol-Gel Oxide Interface Coatings

Mullite and aluminum titanate precursor sols were developed for coating applications. The
high temperature X-ray diffraction (HTXRD) study conducted on the precursor gels revealed that
mullite and aluminum titanate formed at 1050°C and 1400°C, respectively. Based on the HTXRD
results, it could be concluded that the aluminum titanate formation température is too high and would
degrade Nicalon fibers. Since mullite forms at 1050°C, it was predicted that a mullite coating could
be obtained on Nicalon fibers without damaging the fibers. ,

The developed mullite and aluminum titanate precursor sols were utilized for coating Nicalon
tows and fabrics. Nicalon tows dipcoated in the mullite precursor sol and heat treated at 1000°C for
10 h, and cooled to room temperature broke easily during handling. In contrast, Nicalon tows
dipcoated in the aluminum titanate precursor sol and heat treated similarly were relatively easy to
handle. It should be noted that only an alumina and titania mixture would form on Nicalon fibers at
1000°C. Since alumina-titania did not damage the Nicalon fibers, it was considered as an interface
material for further investigation.

A Nicalon/SiC composite with a mullite interface was fabricated, with the mullite (50 nm
thick) interface deposited by a sol-gel process. However, the composite exhibited brittle fracture, and
this could be attributed to the degradation of the Nicalon fibers during the sol-gel processing of
mullite. In order to avoid damage to the fibers during the sol-gel processing of the oxide, the need to
apply a thin carbon coating (inner carbon layer) prior to the deposition of an oxide coating deposition
was recognized. Thermodynamic modeling studies indicated that oxide coatings would be attacked
by HCI, a by-product of the SiC matrix formation reaction. It was surmised that a thin carbon coating
(outer carbon layer) deposited on the oxide coating prior to the SiC matrix infiltration may help
prevent the HCI attack. It should be noted that these carbon coatings are too thin to act as effective
interfaces on their own.

In order to get a better understanding of the type of interface that would be appropriate to
pursue, Nicalon/SiC composites with the following interfaces were considered: An oxide/C interface
and a C/oxide/C interface. The composite with an oxide/C interface would identify the degradation of
Nicalon fibers, if any, that might occur during the sol-gel processing of the oxide, because the oxide
coating is directly applied on the fibers in this case. The composite with a C/oxide/C interface is
likely to have better mechanical properties than a composite with a C/oxide interface, since the
likelihood of the fiber degradation taking place duriﬁg the sol-gel processing of the oxide is reduced
due to an inner carbon layer. .
The flexure strength results of Nicalon/SiC composites with four different interfaces are

summarized in Table 1. The standard deviation of the flexure strength measurements for all the cases
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was less than 25%. For the first two cases, it should be noted that there was no inner carbon layer,
while the last two composites had an inner carbon layer between the fiber and the oxide. Twenty four
flexure bars of approximately 2.5 x 3.0 x >33 mm dimensions were cut from each of the composites.
The four-point bend testing was conducted either with inner and outer spans of 10 mm and 20 mm, or
10 mm and 30 mm, respectively. Twelve flexure bars of each of the composites were tested in the as-
processed condition. For composites with low strength (< 150 MPa) in the as-processed condition, the
remaining 12 bars were oxidized at 1000°C for 24 h in air, and subsequently tested at room
temperature. In the case of composites with moderate or high strength (> 225 MPa) in the as-
fabricated condition, the remaining 12 bars were oxidized at 1000°C in air as follows: 6 bars for 24 h,
3 bars for 200 h, and 3 bars for 500 h. )

From Table 1, it is evident that composites with out an inner carbon layer had low flexure
strength (< 122 MPa). The composite with a mullite/C interface had low flexure strengths (< 80 MPa)
both in the as-processed and oxidized condition, and underwent brittle failure (no damage-tolerance).
In contrast, the composite with an Al,0;-TiO,/C interface had an average flexure strength of 122 MPa
in the as-processed condition, and did not undergo any significant strength reduction on oxidation.

Morevoer, it displayed damage-tolerant behavior in both the cases.

Table 1. Flexure strength results of Nicalon/SiC composites with four
different interfaces

Strength (MPa)% Fracture

D# Interface Type
As Oxidized at 1000°C in air

Processed 24h 200 h 500 h
1 Mullite/C | 64 80 ek - Brittle
2 AT*C 122 112 - - Composite
3 C/Mullite/C | 304 286 221 217 Composite
4 c/aTIC | 255 189 TBT*** | TBT Composite
I standard deviation < 25 % AT* - AL,0,-TiO, -** - not tested TBT***- to be tested

The composite with a C/mullite/C interface had a moderate flexure strength of around 304
MPa as-processed condition and did not have any significant strength reduction after 24 h oxidation.
However, the strength dropped to 221 MPa after 200 h oxidation and remained at that level even after
500 h oxidation. In contrast to a composite without an inner carbon layer (mullite/C interface), this

composite (with an inner carbon layer) had damage-tolerant behavior in the as-processed condition
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and sustained this characteristic even after 500 h oxidation. Fig. 1 shows the load vs displacement
curve for samples in the as-processed and after 200 h oxidation for a composite with a C/mullite/C
interface. It is evident from the figure that even after 200 h oxidation, the sample displayed a non-

catastrophic mode of failure.
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Figure 1. Composite with a Nicalon/C/mullite/C interface exhibit damage-
tolerant behavior even after 200 h oxidation at 1000°C in air, but with reduced
flexure strength

In the as-fabricated condition, the composite with a C/A1,0;-TiO,/C interface had a higher
flexure strength (255 MPa) than the composite with an ALO;-TiO,/C interface (120 MPa). This
situation prevailed even after oxidation for 24 h (200 h and 500 h oxidized samples are to be tested).
Similar to the composite with an Al,0,-TiO,/C interface, this composite also exhibited non-
catastrophic failure.

Preliminary fracture surface examination revealed that the composite which underwent
catastrophic failure showed very little pullout. In contrast, the samples which displayed non-
catastrophic failure showed considerable amount of pullout. Scanning auger spectrometer analysis is
underway and should identify where the debonding occurred (fiber-coating interface or coating-matrix

interface) and the interface coating thickness.
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Amorphous SiC Interface Coatings

Previous work with a modified SiC interface coating in SiC/SiC composites yielded
promising oxidation-resistance, but the coatings were generally non-uniform within the part. The
primary goal of much of the recent work involving this interface material was to optimize the
interface deposition uniformity. Other objectives were to repeat promising processing conditions to
assess the reproducibility of the process and run longer term oxidation tests to further assess the
stability of the materials in high temperature oxidative environments.

A series of experiments was performed in which the amorhpous SiC deposition temperature
was varied from 880 to 1000°C. The intent of these runs was to increase the interface coating
uniformity by lowering the thermal gradient across the preform. The results of these tests were
inconclusive since the flexure strengths were not statistically different in samples coated at different
temperatures (see Table 2), although the variability in strengths was generally decreased as the
temperature decreased. The load-displacement curves were indicative of materials showing good
composite behavior in all cases. Another matrix of experiments was initiated at a deposition
temperature of 1000°C in which the total flow of gases as well as the methylsilane and methane
concentrations were varied to study their effects on composite uniformity. Increasing the total gas
flow and/or concentrations of CH,SiH; and CH, appeared to produce composites with less uniform
coatings (high standard deviations for strengths and densities). At low flow/low concentration
conditions, the composite properties (density, flexure strength and graceful failures) were promising.

Strength retention after exposure to air for 24 hours at 1000°C was also good.

Table 2. Density and flexure strength data for composites with amorphous
SiC interfaces deposited at temperatures between 880 and 1000°C.

Deposition

Temperature | Density (g/cc) Flexure Strength (MPa)
Sample °C) Top Middle Bottom Top' Middle Bottom
CVIio47 8801 2.63 2.58 236 | 144.2428.5 334.3122.1 248.1£35.4
CVIo46 925 | 256 2.46 225 | 16424717 | 20794904 | 221.3%10.3
CVI9s0 1000 | 2.60 2.56 1.84 | 123.1%54 1 229.7+75.8 98.444.3

refinement of the process, combining the best conditions from each set of experiments and additional

tests of deposition time:

The following set of processing conditions was determined to be optimum after further
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Temperature - 900°C

Pressure - 101 kPa

Time - 1 hr ‘ -

Gas flows - 40 cm*min CH,SiH,
500 cm®min CH,
500 cm®/min Ar

The optimization was based on the magnitudes and uniformity of density, coating thickness and
mechanical behavior (flexure strength and load-displacement curve shape) throughout the parts.
Density is a measure of the degree of infiltration, which may be affected by the distribution of the
interface coating. Non-uniform distribution may lead to portions of the part sealing before they are
fully dense. Flexure testing is used not only as an assessment of the strength and damage tolerance of
a material, but also to determine the extent of damage caused by oxidation. The flexure behavior of
samples with an amorphous SiC interface coating deposited using the above conditions is illustrated
in Figure 2. The composite retained 75% of its strength after being exposed to air at 1000°C for 100
hours. Some of the damage tolerance, or composite-like behavior, was lost during oxidation as
evidenced by a faster decline in load-bearing cability past the peak load (i.e. the tail of the curve
drops over a smaller displacement). In addition to the optimization of properties at this set of

deposition conditions, the composite characteristics were reproducible using these conditions.
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Figure 2. Flexure curves for a SiC/SiC composite (CVI993), with an
amorphous SiC interface coating, as-processed and after oxidation for 24 and 100
hours at 1000°C in air.

Additional evidence that the SiC interface coating is effective even after oxidation is seen in

Figure 3. This figure contains micrographs of the fracture surfaces of as-infiltrated and oxidized




158

composite samples. Considerable pullout is apparent in both images, indicating that the interface

coating is still acting as the weak point and crack deflection is occuring at the interface.

(2) (b)

Figure 3. Scanning electron micrographs of a SiC/SiC composite with an
amorphous SiC interface coating showing extensive pullout in both (a) as-infiltrated
and (b) oxidized (100 hr, air, 1000°C) states.

CONCLUSIONS

Composites with C/oxide/C interfaces exhibited higher flexure strengths than those of
composites with oxide/C interfaces. Amoxig the composites investigated, the composite with a
C/mullite/C interface had the highest flexure strength and retained damage tolerant behavior even
after 500 h oxidation. Both C/mullite/C and C/AL,0,-TiO,/C interfaces have good potential as
interface materials for Nicalon/SiC composites and long-term oxidation tests need to be conducted to
ascertain their potential.

Amorphous SiC also shows potential as an oxidation-resistant interface material in SiC/SiC
composites. The deposition process has been optimized to yield a composite that is i"'airly uniform
from top to bottom in terms of density and mechanical behavior. Flexure strengths of 350-400 MPa
have been achieved. These materials also exhibit graceful failures characteristic of composite
behavior even after oxidation, although a portion of the strength and damage tolerance are lost during

oxidation.
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MODELING OF FIBROUS PREFORMS FOR CVI FABRICATION

D.Y. Chiang and T.L. Starr

School of Materials Science and Engineering
Georgia Institute of Technology
Atlanta, Georgia 30332-0245

The purpose of this program is to alter our existing CVI model to account for
configuration changes made to ORNL's tubular forced-flow, thermal gradient CVL.
Once these changes are made, the optimal parameters for this configuration are
determined to produce high density, gas-tight tubes with short process time.
Experimental validation could not be performed due to lack of experimental data
because of problems encountered in running the new configuration. Alternative flow
patterns show the promise of simpler fixturing and comparable results

INTRODUCTION

Ceramic matrix composites are very promising materials for future fossil fuel
generation technology due to their excellent elevated temperature properties such as strength,
thermal shock resistance and thermal conductivity. Many of the applications of ceramic matrix
composites in this technology are in the form of tubular shaped elements such as heat
exchanger tubes or hot-gas filters. Previous attempts at fabricating these tubes using the
forced-flow, thermal gradient chemical vapor infiltration (FCVI) technique developed at Oak
Ridge National Laboratory (ORNL) discovered many significant problems. The tube furnace
and related fixturing has been redesigned and altered to alleviate some of these problems. The
purpose of this program is to alter the existing process model to account for the revised
configuration and then to use the model to find sets of optimal processing conditions. Also,

an alternative processing scheme, the isothermal, alternating flow configuration is explored.
SYSTEM CONFIGURATION FOR FREE-STANDING TUBES

The previous ORNL configuration was modeled and reported in the past. [1]

Significant changes were made from this configuration because of problems that surfaced
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Figure 1: The new ORNL tube CVI configuration utilizes a free standing preform.

during operation. One of the most prominent problems in the original configuration was
leakage of the feed gas due to poor fits between the various pieces of graphite fixturing used
to hold the preform in place. Also during processing, the tube was cemented to the graphite
mandrel used to hold the preform in place. To alleviate these problems, the new configuration
shown in Figure 1 is used. This configuration consists of 8 layers of Nextel 312 braided fiber
preform that have been rigidized with a phenolic resin to form a free standing preform,
eliminating the need for the graphite mandrel. The ends of this preform along with the gas
inlet tube and coolant tube are all set into an alumina castable to seal the tube and explicitly
define the gas path through the reactor. The inner diameter of the preform is 2 inches with a.

thickness of 1/4" and a length of approximately 12.6 inches. The control temperature is a
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pyrometer that views tl?e outside of the preform. Heating of the reactor is achieved by using
small resistively heated graphite rods instead of a lar‘ge heating element as used previously.
The use of the small graphite rods simplified the system by allowing the removal of the
reaction chamber that protected the larger heating element from the by-product and waste

gases of the reaction.
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Figure 2: Gas permeability and surface area of Nextel 312 braided preforms are
different than those of Nicalon square weave (Note the differences in scale for permeability)
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The model used for this optimization process is GTCVI which has been described in previous
reports.[2] GTCVI is a first principles based 3-dimensional finite volume process modeling
program developed at the Georgia Institute of Technology. A pseudo-steady state model,
GTCVI uses the conservation of mass, momentum and energy to solve for temperature,
pressure, reactant concentration and densification as functions of time.

To account for the changes in experimental configuration, corresponding changes in
the model were performed. First, a model with the corrected dimensions was generated. Then
significant changes were made in the preform file to account for the different fiber type and
preform construction used. The Nextel 312

fiber has different thermal properties than

. . . Airspace
the Nicalon fibers used in previous

experiments. Also, the braided structure
of the preform produces different transport
properties and surface area curves which
are accounted for in the preform ﬁlc_a.

These differences can be seen in figure 2.

Also, due to the change in the location of

the control temperature, the model was .S, Wl Preform

simplified by moving the boundary Figure 3: Simplified 1-D model is used for
condition from the outside of the reactor rapid evaluation of a range of process conditions
wall to the outside of the preform. To
facilitate initial modeling, only a 1-d slice from the middle of the tube was used. To the
extent that the furnace system maintains uniform temperature along the length of the ttibe, this
model is expected to be representative of the whole tube with Iess computation time.

The model consists of a 1-d, 7 element.grid incorporating a stainless steel wall ¢!
element), airspace (2 elements), and the preform (4 elements) as shown in Figure 3. The inlet
gas flows through one end of the reactor at while the exhaust gas flows out the outside
diameter of the preform. The controllable variables are the temperatures on the outside of the

preform, temperature on the inside of the cooling jacket (stainless steel wall), the total inlet

gas flow rate (H2 + MTS) and the MTS concentration in the inlet flow stream.
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PROCESS OPTIMIZATION FOR FCVI

In order to establish optimal conditions for FCVI, a measure of merit was established.
The variables of importance are considered to be average density, density gradient, total
process time and reagent usage. A process that results in high average density, low density
gradient, low total process time and high reagent usage is deemed as optimal. The average
density was calculated using a weighted mean to account for differences in volumes of each
control volume due to the cylindrical shape of the prefom;. The density gradient is simply the
maximum density minus the minimum density. This was determined to be a sufficient
representation of the density gradient since all runs in this design matrix have an almost linear
density gradient with the hot side as the maximum and the cool side as the minimum
densities. The reactant usage was found by dividing the amount of reactant depleted by the
amount input to the system at each time step. An average value over the entire run is used.

It is not possible to optimize the system for all of these measures of merit simultaneously;
there are inherent tradeoffs among the process characteristics. Different applications may
warrant different "optimal” process conditions. For example, if a high mechanical strength is
required by the application, then a longer process time can be tolerated. On the other hand, if
it is possible to use a lower density part in another application, then signific.ant economic
advantages can be gained in process time and efficient reagent usage with a different set of
process parameters. Because of this, we have optimized the process for three different
situations. In case I high mechanical properties are required so high density and good
uniformity are the priorities. Case II emphasizes economical processing with sacrifices made
in mechanical strength. Case III is a balance of all four with high density, reagent usage and
uniformity, and low process time.

To find the optimal conditions, a 2 level, 4 factor full factorial set of experiments were
established. The outside temperature ranged from a high of 1200 °C (the upper limit of fiber
stability) to a low of 1000 °C. It was decided that temperatures below 1000 °C would not
result in sufficiently rapid densification. Inside temperature ranged from 300-50 ©C which
corresponds to the use of different cooling media through the center of the reactor such as
water, ethylene glycol or air. The total molar flow rate ranged from 1E-6 to 1E-4 (0.8-80

L/min) and the molar concentration of MTS ranged from 5% to 15%. A high concentrations

for~
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of MTS may deposit some elemental silicon instead of stoichiometric silicon carbide. The
coding and actual values of the different levels used in this matrix of experiments are shown
in Table 1. Note that F = total gaseous flow rate in L/min, T(o) = temperature on the outside
of the preform in ©C, T(i) = temperature on the inside of the cooling tube in ©C, and C =

concentration of MTS in the inlet stream in molar percent.

Table 1: Coded Levels and Actual Values

Variable - .0 +
T (outside) (°C) 1000 1100 1200
T (inside) (°C) 50 175 150
Flow Rate 800 8000 80000

(moles/cm? s)

Concentration . 0.05 0.10 0.15
(molar %)

RESULTS

The results from the factorial set of model runs are shown in Table 2 along with the
appropriate variable levels used. According to our modeling results, there are no advantages to
running at the lower temperature of 1000 °C

CASE L. For the highest mechanical strength, the highest density and lowest density
gradient through the part are desired. For the range of experimental conditions explored, this
results in a high outside temperature and high inside temperature, combined with a low flow
rate and low concentration. These conditions result in the highest average density in the test

matrix (0.9413%) and the lowest density gradient (0.0092%). The high temperatures allows




Table 2: Modeling Results
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TOTHF C Time p (avg) p(max) usage
+ 4+ + + 11.5 0.9155 0.0747 14.7
+ - 4+ + 13 0.9041 0.1020 134
o+ o- o+ 38 09326 | 0.0341 | 402
+ - - + 40 0.9316 0.0391 36.5
+ 4+ + - 23 0.9073 0.0909 155
+ - 4+ - 255 0.9080 0.1008 16.5
+ + - - 83 0.9413 0.0092 54.1
+ - - - 71 0.9219 0.0677 525
-+ + + 65 0.9246 0.0511 6.5
- - + + 55 0.8887 0.1395 6.0
-+ - + 188 0.9363 0.0216 13.6
- - - + 192 0.9240 0.0684 12.8
-+ + - 138 0.9312 0.0335 7.8
- -+ - 103 ~ 0.8913 0.1350 7.1
S 363 0.9310 0.0334 19.0
- - - - 313 0.9287 0.0412 17.9
00 0O 63 0.8983 0.0271 22.8

for a high reaction rate while the low flow rates allows for depletion to balance the
temperature gradient through the part resulting in a uniformly densified part. Another
advantage of running under these conditions is the low concentration coupled with the high
temperature reduces the chance of codeposition of silicon with the SiC matrix. [3] The

runtime under these conditions is a fairly long 83 hours.
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CASE II: Process optimization from an economic standpoint involves two competing
factors. Depending on the relative cost of running a reactor versus reagent costs, the optimal
parameters are quite different. If, for example, reagent costs or reagent removal from the
waste stream costs are very high, then utilization is the dominant factor in the economic
analysis. In this case, conditions should be at high temperatures (inside and out) and low flow
rates and concentrations which also gives the most thoroughly densified and uniform part but
requires 83 hours to complete. If runtime is more important (factors such as reactor run costs
and product throughput), then very aggressive high temperatu;es, flow rate and concentration
can give a 92% dense tube in under 12 hours but results in a low reagent usage rate of 14.7%
and-a 7X increase in density gradient. Additional runs at even higher flow rates (1E-3
moles/cm?s) produce even faster tube seal-off but results in an extremely large density
gradient. These higher flow rates can cut the densification time in half (about 5 hours) but the
average density drops to 0.8579% and the gradient is a very large 0.2145%.

Case III balances all factors of interest, optimizing with respect to physical properties
as well as economic concerns. The best balance between high density and uniformity as well
as low runtime and good reagent usage is high temperatures and concentration while keeping a
low flow rate. This results in a 0.9326% dense tube in only 38 hours with a 3X higher
density gradient than in case I. Usage is also very good at over 40%.

Also of interest is the effect of the internal temperature. In the past, cooling water at
approximately 50 °C has been used to produce the temperature gradient in the part. Other
options are using alternative cooling media such as ethylene glycol or air to control the
magnitude of the gradient. At the higher preform temperatures (1200 ©C), an increase in
internal temperature causes an increase in final average density as well as decreases in process
time and density gradient. A change from 50 to 300 ©C in the internal side of the cooling
chamber causes the temperattfre gradient to drop approximately 35 °C across the preform.

The resulting increase in temperature allows for more uniform depo§ition (decrease in gradient
of 0.059%) and higher average densities (increase of 0.019%) at the extremes of flow rate and
concentration (high flow and concentration or low flow and concentration). If the hot-side
temperature is lowered to 1000 °C and high flow rates are used , the result is more dramatic
allowing a significantly higher average density part (increase up to 0.0399%) and a large

decrease in the density gradient (decrease up to 0.1015%). It has been shown that the internal
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temperature can be quite significant in densification results and should be explored more

thoroughly through experimecntation.
ALTERNATING FORCED FLOW CONFIGURATION

In an effort to simplify fixturing and processing of the tubular CVI, an alternative
configuration is explored. This configuration is a reversible forced-flow, isothermal process.
The idea behind this processing scheme is to isothermal densify the part in one direction
which results in a density gradient due to reactant depletion. To compensate for this density
gradient, the flow is reversed mid-way through the process. In theory, this should allow for
another density gradient in the opposite direction resulting in a uniformly densified part and

significant economic savings due to less fixturing and ease of operation.

Table 3: Alternating Forced Flow Results

Process Time (hrs) Pave (¥0) Pgradient (0) Usage (%)
Isothermal 24 0.8694 0.1150 55.1
Alternating- 28 0.9240 0.0366 33.7
isothermal

Thermal 38 0.9326 0.0341 40.2
Gradient

The conditions of case III (high temperatures and concentration, low flow rate) were
used. The reactor was set up so that the entire reactor was isothermal at 1200 °_C and both
the inlet path and outlet were of the same volume. The inlet and outlet were set at diagonally
opposed ends. The same molar flow rate was used through both paths which is the same flow
rate used in the thermal gradient process. The process was run in the same direction as the
thermal gradient configuration for 13 hours, then the direction of the inlet flow was reversed .
until completion. As can be seen in Table 3, the alternating flow isothermal process can lead
to significant reduction in process time with a small sacrifice in average density and almost no

change in the density gradient. Not only does the alternating flow isothermal process reduce

e
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process time, it can significantly decrease cost due to the simplicity of fixturing and the
eliminated need for cooling. Because of the ease and cost savings of an isothermal process, the
alternating flow scheme has the ;Sotential to produce well densified, economic tube shaped

CVI parts competitive or even superior to the thermal gradient process.
SUMMARY

Changes were made to the process model to reflect configuration alterations in ORNL
tubular forced-flow thermal gradient CVI process. The optimal conditions for different sets of
criteria were determined. It was also determined thaF a change of cooling fluid which would
allow a smaller temperature gradient in the preform can result in higher average densities and
better uniformity. A alternative processing configuration, the alternating flow, isothermal
process, shows promise in producing high density uniform tubes with short process times and -

simplified fixturing.
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ABSTRACT

Tensile tests have been performed on composites of CVI SiC matrix reinforced
with 2-d Nicalon fiber cloth, with either pyrolitic carbon or multilayer CVD SiC coatings
[Hypertherm High-Temperature Composites Inc., Huntington Beach, CA.] on the fibers.
To investigate the role played by the different interfaces, several types of measurements
are made on each sample: (i) unload-reload hysteresis loops, and (ii) acoustic emission.
The pyrolitic carbon and multilayer SiC coated materials are remarkably similar in overall
mechanical responses. These results demonstrate that low-modulus, or compliant,
interface coatings are not necessary for good composite performance, and that complex,
hierarchical coating structures may possible yield enhanced high-temperature performance.
Analysis of the unload/reload hysteresis loops also indicates that the usual "proportional
limit" stress is actually slightly below the stress at which the 0° load-bearing fibers/matrix
interfaces slide and are exposed to atmosphere.

INTRODUCTION

The performance and long-term durability of ceramic matrix composites for use in
Fossil Energy applications relies on the stability of specifically designed fiber/matrix
interfacial coatings. Carbon coatings provide the necessary interface properties for low
temperature applications, but readily oxidize at elevated temperatures and limit overall
composite life. There is thus a critical need for the development of new coatings and
coating structures to provide high-temperature performance. Here, the results of tensile
tests performed on composites of CVI SiC matrix reinforced with 2-d Nicalon fiber cloth,
with either pyrolitic carbon or multilayer CVD SiC coatingsl on the fibers, are described.
To investigate the role and properties of the different interfaces, two types of
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measurements are made on each sample: (i) unload-reload hysteresis loops are measured
at a sequence of applied loads, and (ii) acoustic emission events are detected during
loading. A comparison of the pyrolitic carbon (0.4pum) and multilayer SiC coated
materials shows the overall mechanical responses to be remarkably similar in detail. The
multilayer coatings, which have only very thin intermediary carbon layers, provide the
same interfacial debonding and sliding as the standard thicker carbon layers. Careful
analysis of the unload/reload hysteresis loops also indicates that the "proportional limit"
stress does not correspond to the point at which the 0° load-bearing fibers are exposed to
atmosphere, which occurs at a higher stress level. These results also demonstrate that
low-modulus, or compliant, interface coatings are not necessary for good composite
performance and that complex, hierarchical coating structures may be a direction for
development of enhanced high-temperature performance in ceramic composites.

PHYSICAL AND MECHANICAL PROPERTIES

The materials investigated here are SiC/SiC composites fabricated using ceramic
grade Nicalon plain weave fiber mats in a matrix of SiC deposited by a Chemical Vapor
Infiltration technique. The differences between materials lies in the specific fiber/matrix
"coatings" used. One set of samples has fibers coated with 0.4um of pyrolitic CVD-
deposited Carbon, which is the "standard" coating for SiC/SiC composites; these samples
will be designated as PyC. A subsequent CVI deposition of the remaining SiC matrix
material is performed after the coating deposition. The other set of samples has multilayer
coatings consisting of alternating layers of SiC and PyC. The PyC layers are only ~0.02p

"m in thickness while the SiC layers begin at 0.125um at the inner (fiber) radius and
increase in thickness by a factor of 1.25 as successive coatings are applied; these samples
will be designated as ML. The graded "coatings" extend continuously outward until the
material is fully densified; the "matrix" is thus a sequence of concentric annuli of SiC
separated by very thin layers of Carbon. The fiber loadings and densities of the two sets
of materials are shown in Table I.

The samples described above were supplied as tensile bar specimens of
approximately 5 inches in length (aligned with one of the two orthogonal fiber directions),
1/2" inches in width, with a thickness of about 1/8". Fiberglass end tabs were applied with
epoxy and strain gauges mounted in the center of an approximately 1" gauge section. The
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samples were then subjected to interrupted tensile tests: samples were loaded in tension to
peak stresses of 10, 15, 20, 25, and 30 ksi, and then uriloaded and reloaded to measure the
hysteretic response at each load level. Acoustic emission signals were detected using a
standard AE transducer set-up and an attenuator.

The results of the tension tests are partially summarized in Table I. The initial
small-strain Young's moduli of the ML materials are smaller than those of the PyC
materials, but this is largely attributable to the lower density and higher fiber loading, since
the fibers are less stiff then the CVI-SiC matrix. The "proportional limit", or matrix-
cracking point, is estimated by using an 0.005% offset stress and is also shown in Table 1.
The ML materials have a lower offset stress, suggesting a lower matrix cracking threshold;
however, we will discuss carefully below the onset ‘of matrix cracking in the 0° fiber tows.
The tangent modulus near failure is observed to be larger for the ML materials. Since
after matrix cracking the modulus is fiber-dominated, this result is generally consistent
with the higher fiber longitudinal loading of the ML materials, although even afier
normalization by Vg2 the ML materials are stiffer. The additional stiffness could stem
from incomplete "matrix cracking" or reduced fiber damage at failure; the former is more
likely the reason, as will be seen by other comparisons. The ultimate tensile strengths
(UTS) of the two materials are very nearly equal when normalized by Vg2, indicating that
the in-situ strengths of the as-processed fibers are essentially comparable. However, the
failure strains of the ML materials are generally larger by about 10%, while equal fiber
strengths would suggest that the failure strain should be consistent with the failure
strength.

Table I. Physical and mechanical property data for SiC/SiC composites with pyrolitic
carbon (PyC) and multilayer SiC (ML) fiber coatings, respectively.

Dens Fiber  Youngs Final Tan Tensile  2oy4s/Vf Failure .005%

glecc  loading modulus modulus Strength  (ksi) Strain  Offset

Vg Ec (Msi) E;(Msi) oytg (ksi) (%) Stress
PyC 255 0.30 35 3.2 ~30 200.0 ~0.4 15.5
ML 245 0.36 30 4.4 ~35 194.4 ~0.45 11.0

Figures 1a,b show the tensile stress-strain curves and hysteresis loops obtained for
two specific but representative samples of the ML and PyC materials. These curves
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Figure 1. Stress-strain and hysteresis loops for SiC/SiC composites. Solid line - ML;
dashed line - PyC Type I; dotted line - PyC Type II.

exhibit some of the general features discussed above and tabulated in Table I. However,
they also show other features of interest. In particular, the PyC materials appear to fall
into two classes, depending entirely on the hysteretic behavior. In one class (Type I;
Figure 1a), the hysteresis loops are fairly narrow and the residual strain on complete
unloading is small. In the other class (Type II; Figure 1b), the hysteresis loops are much
broader and the residual strain is much larger; this behavior is more similar to that
described recently by Lamon and coworkers for SiC/SiC materials.2 The hysteretic
behavior is an indicator of both extent of cracking and (irreversible) interfacial sliding
between fibers and coating (or coatings and matrix) and thus highlights qualitative
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differences in the interfacial behavior that are not evident from the stress-strain loading
curves alone. The ML samples are almost all of the Type I class, with narrow hysteresis
loops and small residual strains. The agreement in mechanical response between the PyC
Type I materials and the ML materials is quite remarkable, given the rather different
interface coatings in the two systems.

MATRIX CRACKING THRESHOLDS

The onset of matrix cracking and "debonding" of the fibers from the matrix or
coating is of critical importance in applications of CMCs wherein chemical
attack/oxidation of the exposed interfaces can rapidly degrade mechanical properties. The
use stress at temperature is thus considered to be below the matrix cracking threshold.
Superficially, it would appear that the ML materials are inferior in this regard because the
0.005% offset stress is rather lower than that for the PyC materials. However, what is
really of importance is the exposure of the 0° fiber interfaces and not the macroscopic
non-linear deformation represented by the offset stress. In fact, early non-linear behavior
can be beneficial in toughening or notch resistance of CMCs, as a mechanism of stress
redistribution around stress concentrators. Here, we take a more careful look at the
mechanical response around the matrix cracking threshold.

The onset of non-linearity can be associated with (i) pure crack formation in the
matrix material and not in the fiber tows, or (ii) crack penetration into the fiber tows,
followed by debonding at one of the coating interfaces. To assess which mechanism might
be operative at a particular stress level, one must examine the hysteretic behavior of the
material to look for irreversable response. Matrix cracking alone will lead to increased
composite strain and a decreased composite modulus but will not yield either a residuat
strain (aside from very small relieved thermal residual strains) or hysteretic response
associated with irreversable energy dissipation mechanisms such as interfacial sliding.
Debonding at the fiber coating and subsequent fiber sliding does lead to both permanent
strains and irreversable sliding and hysteresis. In fact, the hysteretic behavior is now
regularly used to determine the fiber/matrix interfacial sliding resistance in unidirectional
composites.3
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Figure 2 shows the permanent offset or residual strain as function of applied load
for both ML and PyC materials. Figure 3 shows the hysteresis loop area as a function of
applied load for both ML and PyC materials. At the lowest stress of 10 ksi, the ML
materials exhibit essentially no residual strain although there has been some non-linear
deformation. The ML materials also exhibit essentially zero hysteresis, as measured by the
loop area, at 10 ksi. Only.at 15 ksi and above is there measurable residual strain and
hysteresis. In comparison to the PyC materials, the ML materials are nearly identical to
the Type I PyC materials at all applied loads, whereas the Type II materials show the rapid
increase in residual strain and hysteresis evident in the typical stress-strain curve of Figure
1. The presence of non-linearity in the deformation of the ML materials at 10 ksi is
therefore attributed matrix material cracking external to the 0° fiber tows, which would
not expose those fibers and the interfaces to potential degrading atmospheres. The
enhanced matrix damage at such low stresses probably arises from the multilayer nature of
the ML "matrix" material. Additional flaws in the multilayer structure plus the blunting or
deflection of matrix cracks at matrix interfaces generated by the ML matrix structure can
cause enhanced "microcracking” in the matrix alone at low stresses. Only at elevated
stresses do the more tradiational matrix cracks extending into the 0° fiber tows appear,
which gives rise to the residual strain and hysteresis behavior.

From the detailed comparison between ML and Type I PyC samples, we conclude
that these two materials have nearly identical interfacial sliding -characteristics, at least to
the extent that such characteristics impact the macroscopic material mechanical response.
This conclusion is rather surprising. It is well established that composite behavior in
SiC/SiC materials with PyC coatings is not obtained when only thin coatings are utilized;
coatings greater than about 0.25um are necessary to obtain debonding, sliding, and tough
behavior. One of the prevailing arguments for the need for a minimum thickness is that
the low-modulus PyC coating reduces the thermal and processing clamping stresses
between fibers and matrix, which also then reduces the friction stress between fiber and
matrix. Composites with high friction and/or debond stresses, as measured by pushout
experiments for example, can be particularly brittle. The present results indicate that
substantial amounts of PyC are ot necessary for obtaining good composite behavior. The
present ML materials have multiple layers of very thin carbon coatings, but at ever
increasing radii, and these coatings in total are insufficient to mimic the effects of one thick
PyC coating of 0.4um. At 60% fiber fraction in the tows and a fiber radius of 7.5um, 8
layers of increasing SiC coating are needed to densify the tow and the total carbon
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Figure 2. Residual strain at zero load versus peak applied load, for both ML and PyC
SiC/SiC composites. Note the absence of residual strain in the ML samples at 10 ksi, and
close similarity of ML and PyC Type I data.
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Figure 3. Hysteresis loop area versus peak applied load, for both PyC and ML SiC/SiC
composites. Note the complete absence of hysteresis in the ML samples at 10 ksi despite
non-linearity in the stress-strain curve prior to this stress.
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deposition is then approximately 0.16um. Hypertherm High-Temperature Composites
Inc. has reported similar composite performance results for ML systems with only 2 or 4
SiC layers prior to a full densification infiltration, as well.4 The conceptual mechanism of
reduced clamping stress from a low-modulus coating inay be a sufficient design principle
Jor coating structures but is not necessary for good composite performance. Complex
coating structures can accomplish the needed goals of crack debonding and acceptable
sliding resistance without low modulus. These conclusions are consistent with recent
multilayer SiC coating developments for the SEP SiC/SiC materials, which have been
reported to exhibit composite behavior by Lamon et al. and others.2

ACOQUSTIC EMISSION

We have monitored the acoustic emission from samples during loading, unloading,
and reloading. Results for the number of emission events (hits) versus applied strain are
shown in Figure 4 for a PyC Type II and a ML material, along with the associated stress-
strain behavior. The ML materials show much greater acoustic activity than the PyC
materials, starting at very low loads. The large amount of activity at low loads is
consistent with the conceptual picture of extensive microcrack formation in the matrix
prior to full matrix crack development. The AE signals are attributable to the matrix
cracking, and it is evident that the peak AE coincides quite well with the dominant knee in
the stress-strain curves, where considerable matrix cracking is driving the increasing strain
in the material. In the ML materials, the peak in AE events occurs in the range of 15-20
ksi and then falls off gradually, but AE events are detected all the way up to failure in
nearly all cases. In the PyC samples, the AE peak is at lower stresses, again around the
knee in the stress-strain curve, but the AE events then die away rapidly with further
loading, indicating a saturation of cracking. The rapid attainment of a nearly linear stress-
strain curve in the PyC materials and the more gradual approach to a constant tangent
modulus in the ML materials is consistent with the occurrence of broadly distributed
matrix cracking in the ML materials. The greater number of events in the ML materials is
attributable to the complex matrix/coating structrue which favors the blunting of larger
cracks in favor of a multiplicity of smaller cracks in the layered structure. The precise
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Figure 4. Acoustic emission counts versus strain, with superimposed stress-strain
behavior, for typical ML and PyC Type II samples.

nature and number of AE events does not appear to have large effects on the overall
deformation history, but is of interest in comparing different materials.

We have attempted to analyze the AE signals in detail to distinguish between
matrix cracking and fiber breakage. However, all correlations between signal
characteristics such as rise time, amplitude, duration, and energy are the same over the
entire loading history. There are no simple signatures in the AE signals which suggest
matrix cracking at lower loads giving way to fiber breakage at elevated loads.

Lastly, essentially all of the AE activity occurs on loading of the samples. On
unloading and reloading no further AE events are detected until the load is increased
beyond the prior peak load. This demonstrates the absence of any pronounced fatigue
crack propagation during the measurement of the hysteresis behavior.
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SUMMARY

In summary, we have presented experimental data on the mechanical response of
SiC/SiC composites with novel multilayer SiC coatings, and compared their response to
that of standard composites wtih pyrolitic Carbon coatings. The mechanical response is
nearly identical in the two cases, including subtle aspects such as hysteretic unload/reload
behavior. The early onset of non-linearity in the ML materials is not attributed to full
matrix cracking, with exposure of fiber/matrix interfaces, and hence the use of a simple
proportional limit stress for assessing composite use stress is probably conservative.
Detailed study of the hysteretic behavior appears to help identify the onset of fiber/matrix
sliding behavior. The data on ML materials demonstrates that thick low modulus coatings
are not necessary for obtaining composite behavior in SiC/SiC materials, which opens new
avenues for the development of potential oxidation-resistant, high temperature coatings.
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ABSTRACT

Coal gasifier operating conditions and gas and ash compositions affect the corrosion rates of
ceramics used for construction in three ways: 1) through direct corrosion of the materials, 2) by
affecting the concentration and chemical form of the primary corrodents, and 3) by affecting the mass
transport rate of the primary corrodents. To perform an accurate corrosion test on a system material,
the researcher must include all relevant corrodents and simulate conditions in the gasifier as closely as
possible. In this paper, we present suggestions for conditions to be used in such corrosion tests. Two
main types of corrosion conditions are discussed: those existing in hot-gas cleanup systems where
vapor and dry ash may contribute to corrosion and those experienced by high-temperature heat
exchangers and refractories where the main corrodent will be coal ash slag.

Only the fluidized-bed gasification systems such as the Sierra Pacific Power Company Pifion Pine
Power Project system are proposing the use of ceramic filters for particulate cleanup. The gasifier is an
air-blown 102-MWe unit employing a Westinghouse™ ceramic particle filter system operating at as high
as 1100°F at 300 psia. Expected gas compositions in the filter will be approximately 25% CO, 15% H,,
5% CO,, 5% H,0, and 50% N,. Vapor-phase sodium chloride concentrations are expected to be 10 to
100 times the levels in combustion systems at similar temperatures, but in general the concentrations of
the minor primary and secondary corrodents are not well understood. In the case of high-temperature
slag corrosion of heat exchangers or refractories that will occur in entrained-flow gasifiers or advanced
power systems such as the Combustion 2000 High-Performance Power System, slag corrosiveness will
depend-on its composition as well as viscosity. For a laboratory test, the slag must be in a
thermodynamically stable form before the beginning of the corrosion test to assure that no inappropriate
reactions are allowed to occur. Ideally, the slag would be flowing, and the appropriate atmosphere must
be used to assure realistic slag viscosity. However, as is the case for the hot-gas cleanup systems, the
influence of specific gas stream components on slag properties is poorly understood at this time.
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INTRODUCTION

Many advanced power systems will combine two energy cycles to reach efficiencies as high as 47%
in converting the chemical energy in coal into electrical energy. The energy cycles always include a
typical steam or Rankine cycle, which usually produces 60%-80% of the electric power. The second
cycle usually involves one of three possibilities. In an oxidizing system such as a pressurized
fluidized-bed combustor (PFBC), one possibility is to clean the hot gas, then directly expand it in a gas
turbine. In another concept, the turbine is indirectly fired by using a very high-temperature heat
exchanger to transfer the energy to a clean noncondensing working fluid, such as air, which is then
expanded in the turbine. The third possibility is to gasify the coal, clean the coal gas, then fire the gas
directly into a gas turbjne. A steam cycle combined with a gasification cycle is commonly called an

integrated coal gasification combined cycle (IGCC).

Ceramics are suggested for constructing structures in these advanced energy systems because of their
resistance to corrosion and high-temperature strength. At the highest temperatures, up 1650°C,
refractories are used to protect structural components and reduce heat loss from the system. Dense
structural ceramics are proposed for use in heat exchangers, which may be used at temperatures as high
as 1425°C. Both monolithic and composite ceramics are used to construct hot-gas filters to remove ash
from the gas stream at temperatures up to 900°C. To improve the acceptability of these ceramic

subsystems, a better understanding of their long-term performance is required.

The University of North Dakota Energy & Environmental Research Center (EERC) is providing
technical assistance and test materials to the U.S. Department of Energy Advanced Research and
Technology Development (AR&TD) Materials Program investigating ceramic corrosion in fossil energy
systems. During 1994-1995, suggestions and materials for testing the corrosion resistance of ceramics
in combustion systems were developed and proposed.! This year, the focus is on gasification systems.
The main activities for are to perform thermochemical equilibrium calculations to develop
recommendations for appropriate test conditions and to gather materials such as gasifier slag and ash that

can be used by other researchers in performing ceramic corrosion tests.

This paper describes gas, ash, and operational factors that affect the corrosion rates of structural
ceramics in coal gasification systems and provides suggestions for appropriate laboratory test conditions.
Particular attention is focused on two subsystems: hot-gas particulate filtration and high-temperature

“refractories and heat exchangers, especially those constructed of silicon- and alumina-based ceramics.
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The objective is not to present specific data on rate factors, but to help experimentalists measuring these

factors to better design their corrosion tests.
BACKGROUND

Approximately a dozen inorganic elements in the products of coal combustion affect the corrosion
rates of silicon-based ceramics used to construct subsystems. These elements, including H, O, Na, Mg,
Al 8i, B, S, Cl, K, Ca, and Fe, affect corrosion rates in three ways: as primary corrodents forming
reaction products with the material, as secondary corrodents affecting the activity of the primary
corrodents, or by influencing the rate of mass transfer of the primary corrodents. Although many of the
elements function as more than one type of corrodent, they are listed here under what is believed to be

their most active role.

The primary corrodents of silicon-based ceramics in coal-fired combustion systems include O, Mg,
Ca, and Fe (refs. 2-6). These elements form silicates or silicides that are stable in the presence of the
other constituents of the ash in contact with the ceramic surface. When ash is not present, such as
downstream of a filter, vapor-phase Na can also be a primary corrodent of silicate ceramics, forming a
sodium-enriched reaction layer through which oxygen can more rapidly diffuse than through a pure silica
layer.” When ash is present, the more stable form of sodium is as a sodium aluminosilicate in the ash,

rather than sodium silicate scale on the silicon carbide.

In contrast to the primary corrodents, the secondary corrodents have not been observed to form
corrosion products with silica- or alumina-based ceramics. They are known, however, to affect the
activities of some of the primary corrodents. The main elements acting in this role are H, Al, S, and
Cl. Hydrogen is most important in gasification conditions, because it affects the concentration of O; in
combustion conditions, it helps to form volatile hydroxides such as Si(OH), or NaOH, which will affect
corrosion rates when no other ash is present. Similarly, S and Cl affect the vapor-phase concentrations
of N2,SO, and NaCl, which will affect corrosion rates when ash is not present. In addition, Al affects
the activity of Na, Mg, and Ca. Since these elements are more stable in an aluminosilicate phase than in .
a silicate corrosion product, they are less corrosive to silicate ceramics when aluminum is present in the

ash.

The major role of several other elements'is their effect on-the transport rate of the primary
corrodents. These elements include Na, Si, P, and K. Most important are their effects on the viscosity

of a melt and on the rate of ion diffusion in a glass. These elements have not been observed to form
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corrosion products with silicon- or alumina-based ceramics in coal fueled energy systems, except in

minor roles.

Because the concentrations of many of these elements affect the activities of the primary corrodents,
the surest experimental design to determine all of the interdependencies is the full factorial matrix,
where the concentration of each element in the system is varied dependently on the others. However,
the number of tests in such a matrix would involve x" tests, where x is the number of variations possible
for each element, and n is the number of different elements. For three variations (low, medium, and
high concentrations) of each of 12 elements, the number of tests is 531,441 for a single temperature and
pressure condition. The numbers can be partially reduced by using a fractional factorial test matrix, but

the most cost-effective way to perform corrosion tests is to base them on realistic system conditions.

The best way to obtain appropriate test conditions is to expose the material in an operating coal-
fueled system. This can be expensive, since a 100-hour pilot-scale test may cost $100,000. As the scale
of the test is reduced, so are the costs, but the accuracy of the conditions may also be compromised. To
improve the accuracy of laboratory-scale test conditions and allow similar tests performed in different
labs to be more comparable, the EERC has been surveying the literature and holding discussions with
interested researchers and industry representatives to develop appropriate baseline test conditions. In
addition, ash and slag samples are being collected from operating systems and are available in quart or
gallon quantities to materials researchers by contacting the lead author. Thermochemical equilibrium
calculations are also being performed to determine approximate gas-phase concentrations of some of the
elements. The conditions suggested for testing are harsh yet realistic (i.e., not accelerated) and should
include all of the primary and secondary corrodents. The ceramic subsystems that are the focus of the
research are hot-gas particulate filters and high-temperature heat exchangers/refractories under both
combustion and gasification conditions. Conditions for testing under combustion conditions are

presented in an earlier paper, so only gasification conditions will be described here.!

Gasification conditions are much more difficult to simulate in the laboratory than combustion
conditions because of the wide range of gas temperatures and compositions possible in the various
systems and because the gas is poisonous and explosive. During gasification, coal is heated in the
presence of insufficient oxygen to completely burn. Carbon monoxide and hydrogen are among the
major product gases. Variations in system pressure and temperature strongly affect the concentrations
of the gases in the product. Also, to keep the calorific value of the gas as high as possible, some
gasifiers operate with pure oxygen rather than air, so that the gas is not diluted with nitrogen. This is

especially true in the first IGCC systems because at the time of their design, low-Btu gas burners were
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not reliable. However, advances in burner design over the last decade will permit air-blown product gas
to be burned efficiently in future IGCC systems. These will include the Sierra Pacific Pifion Pine Power
Project and the Foster Wheeler carbonizer to be used in the Four Rivers Energy Modernization Project
and in the Combustion 2000 High-Performance Power System (HiPPS).

Three main types of coal gasifiers are currently in use: entrained-flow systems such as the
pressurized Shell, Texaco, and Dow gasifiers and the atmospheric Koppers-Totzek gasifier; fluidized-
bed systems such as the Winkler or Kellogg-Rust-Westinghouse™ (KRW) gasifiers; and a fixed-bed
system used by Lurgi. The range of measured operating temperatures and product gas compositions for
these three types of gasifiers as reported by Watkinson and others are summarized in Table 1. The coals
used range in rank from lignite to bituminous, and all systems shown are oxygen-blown.?

TABLE 1

Typical Operating Conditions for the Main Types of Oxygen-Blown Gasifiers

Entrained Flow Fluidized Bed Fixed Bed Fixed Bed (dry ash)
Avg. Range Avg. Range Avg. Range Avg. Range
Temp, °F 2150-2500 1700-1890 2280-2880 1440-1510
Pressure, psia 15-610 15-370 310-360 390-450
Gas Composition
CO 54 41-62 37 26-51 57 56-58 17 16-18
H, 32 30-35 39 3245 28 27-28 39 39-40
Co, 6.4 2-10 19 10-39 3.8 3343 31 30-32
CH, 0.1 0-0.3 3.0 1.8-5.0 6.6 6.5-6.7 10 9-11
N, 1.9 0.8-4.7 0.7 0.5-0.9 2.4 0.6-4.3 1.2 0.8-15
H,S 1.1 0.3-1.8 1.4 13 0.6-2.0 1.4
Cos 0.1 0.0° 0.0° 0.0°
H,0 4.4° 0.0 0.0° 0.0°
No. of Systems 4 5 2 2

* 1 in estimate. ° No data, values estimated. © Calculated by difference because of lack of data.

The wide range of gasifier designs and operating conditions makes it difficult to choose one set of
conditions for baseline testing of ceramic materials. As in combustion, two main subsystems should be
-addressed: hot-gas particle filters where corrosion is caused by dry ash and gas and heat exchangers/

refractories where the corrosion is caused by molten slag.
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HOT-GAS FILTERS

In most of the new oxygen-blown gasifier systems such as the Tampa Electric (Texaco), Wabash
River (Dow), and Buggenum, Netherlands (Shell), projects, particulate cleanup will be performed in
relatively cool gas at around 500°F, so ceramic corrosion should not be a problem. The Tampa project
will include some hot-gas particulate cleanup at 1000°F, but they are proposing to use metal filters.
Therefore, our recommendation is to run ceramic particle filter gasification corrosion studies in
conditions that will be experienced in the Sierra Pacific Power Company Pifion Pine Power Project
fluidized-bed gasifier. The gasifier is an air-blown 102-MWe unit employing a Westinghouse ceramic
particle filter system operating at as high as 1100°F at 300 psia. Bed temperatures are expected to reach
a maximum of 1850°F. Expected gas compositions in the filter will be approximately 25% CO,

15% H,, 5% CO,, 5% H,0, and 50% N,. Vapor-phase sodium chloride concentrations are expected to
be 10 to 100 times the levels in combustion systems at similar temperatures, but in general the
concentrations of the minor primary and secondary corrodents have not been measured. In addition, a
hot-gas cleanup system to remove sulfur will be situated upstream of the filter system, and its effects on

the minor species in the gas stream is not well understood.

In order to calculate approximate vapor concentrations of possible corrodents, the FACT program
(Facility for the Analysis of Chemical Thermodynamics) developed by C.W. Bale, A.D. Pelton, and
W.T. Thomson from Ecole Polytechnique de Montréal, was employed. It permits the calculations of
stable phases in an ash-gas system over a broad range of temperatures through the minimization of free
energy for the system. The FACT code is simple to implement because only chemical formulas of
possible products and the mole fractions of the elements are needed. A multiple linear-regression

technique estimates what stable phases are formed by minimizing errors for individual phases.

In simulating Pifion Pine gas compositions, we used a system pressure of 20 atmospheres and the
design coal for the system (Utah SUFCo bituminous). The chlorine concentration in the coal is not
known, so it was assumed for these calculations to be 100 ppmw, a relatively high figure. Table 2
shows the partial pressures of some corrodents in the gas stream. Concentrations are shown for two
tempera'tures, 1110°F, the approximate maximum operating temperature of the filter vessel, and
1340°F, a temperature between that of the vessel and that of the fluid bed. Since the effects of the hot-
gas cleanup system (sulfur removal) on the concentrations of minor corrodents is not known, they were
not included in these calculations. Therefore, the data in Table 2 are a better simulation of conditions

when the sulfur removal system is not on-line.
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TABLE 2

Calculated Partial Pressures of Minor Corrodent Gas Species in the Pifion Pine System

Minor Species 1110°F 1340°F

H,S 2200 X 1076 atm 3600 X 107 atm
COS 280 x 1076 atm 260 x 107 atm
HCl . 76 x 107 atm 300 x 107 atm
NaCl 2.6 X 107% atm 72 X 10°¢ atm
(NaCl), 1.5 X 107 atm 34 x 10 atm

NaOH 0.00012 X 107 atm 0.018 X 1075 atm

At 1110°F, the partial pressures of sodium species are quite low. However, at 1340°F, a
temperature between that of the filter vessel and the fluid bed, concentrations are approximately
25 times higher, indicating that the sodium species may rapidly condense as the gas cools on the way to
the hot-gas filter. Since equilibrium may not be reached by the time the gas reaches the filter vessel, the
concentration of sodium vapor species in the filter vessel may be much above the equilibrium
concentration. Therefore, we suggest that gaseous corrosion tests under hot-gas filtration conditions be
run with a gas stream saturated with NaCl vapor by providing an excess of sodium chloride to the
system. We suggest that this be done by adding a mixture of HCI and NaCl to water that is dripped into
the hot corrosion test reactor. The mixture should be added at a rate to give HCI and NaCl vapors at
somewhat higher concentrations than those at equilibrium in the filter vessel. We suggest the
concentrations at 1340°F (1000 K) should be used. We acknowledge that this is a somewhat arbitrary
value, but believe that these values will provide a harsh, yet realistic concentration of corrodents, which
will serve as a benchmark for further parametric tests. Since the correct partial pressures of major gas
species cannot be obtained in a 1-atmosphere reactor, we suggest that they be added in concentrations
equal to their concentrations in the full-scale system. The suggested total gas stream concentrations for
these tests should be 25% CO, 15% H,, 5% CO,, 5% H,0, 300 ppm HCI, and 75 ppm NaCl, with a
balance of nitrogen. We suggest that the benchmark tests be run at 1100°F, with other, lower

temperatures added in parametric tests.

In addition to vapor species, the ash may also corrade system components. The ash used for
corrosion tests should be approximately at equilibrium at the start of the tests to prevent any unrealistic
corrosion reactions from occurring as the ash attempts to reach equilibrium test conditions.
Unfortunately, the Pifion Pine system is not expected to operate under standard conditions to supply ash
to corrosion researchers until sometime in 1997. Therefore, the EERC is making available to corrosion

researchers ash collected from the filter vessel of the EERC pilot-scale transport reactor development
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unit (TRDU) from a test run performed in April 1996. The system is designed to operate under
conditions similar to those at Pifion Pine, although a coal from the Belle Ayr Mine, Powder River Basin,
Wyoming, was used for the tests rather than the Utah coal that is the design coal for the Pifion Pine
system. The Belle Ayr ash has the advantage for corrosion tests in that it is well characterized, is
available as a standard ash free of charge, and the coal will also be used at the Southern Company
Services Wilsonville hot-gas filter test facility, which will also be operating fully by 1997.

MOLTEN SLAG CORROSION

At the high operating temperatures to which some heat exchangers and refractories will be exposed,
the ash will be very sticky, if not molten, and therefore will coat the subsystems and prevent direct
gaseous corrosion of the materials. However, the composition of the gas in the corrosion reactor will
still play an important role in the test, since the atmosphere directly affects the viscosity and therefore
the erosiveness and corrosiveness of the slag. Figure 1 shows the viscosity versus temperature curves of
a slag prepared from ash made by burning coal in the laboratory. The coal is from the Rochelle mine of
the Wyoming Powder River Basin and is considered to have a relatively high calcium content. The
three curves show the changes in viscosity caused by changes in the surrounding atmosphere. The
fundamental reasons for the changes in viscosity are not completely clear, but are believed to be caused
by the breakup of O-Si bonds and the creation of nonbridging hydroxyl groups, which will lower
viscosity (reducing gas), but may also act as a mineralizer and increase the temperature at which
crystallization occurs (air+water). These effects are especially strong for the more basic coal slags
because water vapor is usually more soluble in more basic silicate glasses, even dissolving in a
molecular form.” We suggest an overall gas composition of approximately 30% H,, 45% CO, and
25% CO, to which 10% water vapor is added. Because of equilibrium reactions at this temperature, we
have calculated that the concentrations of CO may reach as high as 49%, H,0 as high as 18%, CO, as
low as 13%, and H, as low as 20% at 1400°C. SO, and H,S may cause changes in melt structure
similar to those caused by water vapor, but because they are present in much lower concentrations, the

sulfur-containing gases are expected to have a lesser effect, although this assumption must still be tested.

In addition to use of the correct atmosphere in slag corrosion tests, the slag should be in a relatively
stable thermodynamic form at the beginning of the test. This can be best assured by producing the slag
under realistic operating conditions or by collecting the slag from a large-scale operating facility.

-
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Figure 1. Viscosity versus temperature for Rochelle Mine coal ash slag under 3 atmospheres.

Unfortunately, most gasifier manufacturers and operators are very secretive about their operations,
so it can be very difficult to obtain gasifier slag. However, the EERC has available coal slag donated
for corrosion testing by three power plants burning economically important coals. The slags are
produced in boilers fired with cyclone burners and are therefore in a mildly reduced state. High-calcium
subbituminous coal slag was provided by the Northern Siates Power Company Riverside Plant, which
was burning a coal from the Powder River Basin in Wyoming. Illinois No. 6 bituminous coal slag was
provided by the Central Illinois Public Service Coffeen Plant. Analysis of the Coffeen slag showed
abnormally high calcium concentrations owing to limestone additions to reduce slag viscosity, so another
drum of more "pure” Illinois No. 6 slag was obtained from the Iilinois Power Company Baldwin Plant.
The compositions of the slags as well as the TRDU ash that can be used. for corrosion tests at lower
temperatures are shown in Table 3. Suggested temperatures for high-temperature slag corrosion testing
are 2000°F for sintered ash conditions, 2300°F for viscous molten ash, and 2600°F for running ash.
The slag layer thickness should be approximately 1 millimeter at 2600°F and 5 millimeters at 2300°F to
ensure appropriate gas transport through the slag. The slag should be replenished often enough that it

does not become overly concentrated with corrosion products.
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TABLE 3

Chefnical Compositions of Standard Ashes
Ozxide, wt% TRDU Ash  Riverside Slag ~ Coffeen Slag Baldwin Slag

Sio, 52.7 47.0 52.5 53.4
ALO, 21.7 18.6 16.3 18.6
Fe,0, 1.5 © 53 13.5 17.6
TiO, 0.8 1.4 .07 0.7
P,0, 0.8 0.6 0.2 0

Ca0 13.4 19.7 13.1 7.1
MgO 7.2 5.7 12 0.9
Na,0 0.8 0.9 0.8 0.0
K,0 0.0 0.3 1.6 1.7
SO, 1.1 0.3 0.1 0.0

SUMMARY

For a given temperature, the rate of corrosion of ceramic materials in advanced coal-fired energy
systems is affected by the composition of the gas and condensed species in contact with the material.
Approximately 12 elements affect the corrosion rates of silicon- and alumina-based ceramics in coal-
fueled systems: O, Mg, Ca, Fe, and Na (when no ash is present) are primary corrodents in that they
have been observed to form corrosion products with silicon carbides. Secondary corrodents—H, Al, S,
and Cl—have not been observed to form corrosion products but do affect the activity of the primary
corrodents. The other major elements, including Na, Si, P, and K, affect the rate of transport of the
primary corrodents by affecting slag viscosity and ion mobility. In general, very little work has been
done under reducing conditions, so the primary and secondary corrodents in gasifier systems are not
well understood at this time.

To improve the accuracy of laboratory-scale combustion test conditions and assure comparability
between testing groups, the EERC has assembled 55-gallon drums of coal ash and slag from large-scale
coal-fueled systems that are approximately in equilibrium for mildly reducing conditions. For hot-gas
filter testing, ash from the EERC TRDU hot-gas filter is available. The suggested total gas stream
concentrations suggested for these tests should be 25% CO, 15% H,, 5% CO,, 5% H,0, 300 ppm HCI
and 75 ppm NaCl, with a balance of nitrogen. We suggest that the benchmark tests be run at 1100°F,

?

with other, lower temperatures added in parametric tests.
To simulate the type of ash that will strike a high-temperature heat exchanger in a combustion
system upstream of ash removal devices, slags produced under slightly reducing conditions are available

from utility cyclone-fired boilers. Suggested initial conditions for slag testing are 2000°F for sintered
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ash conditions, 2300°F for viscous molten ash, and 2600°F for runny molten ash. We suggest an
overall gas composition of approximately 30% H,, 45% CO, and 25% CO, to which 10% water vapor is
added. To assure appropriate gas transport, the slag layer thickness in a static test should be
approximately 1 millimeter for runny slag and 5 millimeters for viscous slags. The slag should be
changed often enough to prevent it from becoming overly concentrated in corrosion products, since in a

commercial system the slag will be constantly replenished.
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ABSTRACT

‘We have evaluated the microstructural/mechanical, and thermal shock/fatigue behavior
and have conducted stress analyses of hot-gas candle filters made by various manufacturers.
These filters include both monolithic and composite ceramics. Mechanical-property mea-
surement of the composite filters included diametral compression testing with O-ring speci-
mens and burst testing of short filter segments using rubber plug. In general, strength values
obtained by burst testing were lower than those obtained by O-ring compression testing.

During single-cycle thermal-shock tests, the composite filters showed little or no
strength degradation when quenched from temperatures between 900 and 1000°C. At higher
quenching temperatures, slow strength degradation was observed. The monolithic SiC filters
showed no strength degradation when quenched from temperatures of up to =700-900°C, but
displayed decreased strength at a relatively sharp rate when quenched from higher temper-
atures. On the other hand, a recrystallized monolithic SiC filter showed higher initial strength
and retained this strength to higher quenching temperatures than did regular SiC filters. This
may be related to the difference in strength of grain boundary phases in the two cases. In
thermal cycles between room temperature and 800-1000°C, both monolithic and composite
filters show a small strength degradation up to three cycles, beyond which the strength
remained unchanged.

Results of rubber-plug burst testing on composite filters were analyzed to determine the
anisotropic elastic constants of the composite in the hoop direction. When these results are
combined with the axial elastic constants determined from axial tensile tests, the composite can
be analyzed for stress due to mechanical (e.g., internal pressure) or thermal loading (thermal
shock during pulse cleaning). The stresses can be compared with the strength of the com-
posite to predict filter performance.

INTRODUCTION
Hot-dirty gas exiting from a gasifier or an advanced combustor contains sufficient

particulates to make the gas undesirable for direct utilization in gas turbines and heat engines.
Today's hot-dirty gas cleanup systems, such as cyclones, can remove only the fraction
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containing the larger particulates. Smaller particulates can be removed only by cooling and
filtering the gas. The resulting enthalpy loss causes a significant decrease in overall system
efficiency. Thus, there is a critical need for cleaning hot-dirty gas with little or no cooling.

This project supports the development of candle ceramic/composite filters for cleanup of
hot-dirty gases. Effort has been directed toward developing materials qualification technology
needed to ensure satisfactory performance of filters in hot-dirty gas streams. To predict the
long-term performance of such filters, it is important to understand and evaluate fracture
behavior of these filters in service environments. Mechanical properties should be evaluated
to establish baseline data. Thermal-shock resistance should be measured to predict filter
performance in the service environment.! Failure modes must be identified and failure
mechanisms must be established.

SPECIMENS FOR FRACTURE STUDY

The filters examined in this study were obtained from 3M (Nextel/SiC composite filters),
DuPont Lanxide (PRD-66 filters), Babcock & Wilcox (oxide composites), Industrial Filter
and Pump Mfg. Co. (IFPM) (regular monolithic SiC with high alumina binder and binderless
recrystallized SiC filters) and Pall Corp. (monolithic SiC). The 3M filters consist of layered
composite structures; a tubular filter element is sandwiched between two Nextel/SiC com-
posite tubes. Bonding between the Nextel/SiC composite tubes and the filter layer is achieved
by the chemical vapor infiltration (CVI) of SiC. The inner and outer diameters of these filters
are =5.08 and =5.72 cm, respectively. Filters were obtained in both as-fabricated and
exposed (in the Tidd demonstration plant for =1100 h) conditions. The PRD-66 is an all-
oxide ceramic consisting of layered microstructure of alumina, mullite, cordierite, and
amorphous material; the inner and outer diameters are =4.52 and =5.96 cm, respectively. The
Babcock & Wilcox filter is made by a sol-gel technique and consists of an oxide composite
with chopped and continuous Nextel fibers. The inner and outer diameters of the filters are
=5.00 and =5.96 cm, respectively. Both of the monolithic SiC filters consist primarily of SiC
grains; inner and outer diameters of the filters are ~4.52 and =5.96 cm, respectively.
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EVALUATION OF STRENGTH AND THERMAL-SHOCK
AND FATIGUE RESISTANCE

Filter strength was evaluated by both diametral compression testing of O-ring specimens
and by burst testing of short filter segments with rubber plugs.

-Ring Compression Testin

One-inch-wide O-ring specimens were machined from each of the filters and then loaded
to failure in a diametral compression mode at a crosshead speed of 0.13 cm/min. Maximum
stress develops at the inner diameter across the load points, which simulates the thermal-shock
stresses developed during a pulse-cleaning cycle. The fracture stress O; is given by Eq. 1.2

PK
o = preg ¢))
" where P is the fracture load, K is a function of the ratio of inner and outer diameters,2 b is the
outer radius of the specimen, and / is the length of the tube. Load displacement plots for the
filter specimens in as-fabricated condition indicated a nonbrittle failure mode for all composites
and brittle failure for the monolithic filters. A limited number of O-ring specimens machined
from one of the composite filters exposed in the Tidd demonstration plant for =1100 h were
tested in compression mode; strength was 7.72 £ 1.13 MPa. The corresponding strength of
the unexposed filter was 19.47 +2.11 MPa. This represents a strength loss of 60% during
filter exposure, which correlates very well with the strength loss of the reinforcing fibers and
may be related to in-situ fiber damage during filter exposure.3

Burst Testing

Burst testing was performed on 1-in.-wide O-ring specimens machined from a
Nextel/SiC composite filter in as-fabricated condition. As shown in Fig. 1, uniform radial
loading was applied to the O-rings through a rubber plug (slightly smaller in diameter than
O-ring) that was compressed between two aluminum plates. Figure 2 shows a typical load-
displacement plot for a specimen in as-fabricated condition.
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The maximum hoop stress (oy) occurs at the inner wall and is given by Egs. 2 and 3:45

r’+r?
o, = pL(;z — rsz ¥y
L v (}} ~ PO)
= 3
p =) = €)

where plLis is the radial pressure on the inner wall of the filter; 1, and r; are the outer and inner
radii of the filter, respectively; P¢is the maximum applied load at fracture, P, is the load at
which the rubber plug makes radial contact with the filter; and v is the Poisson's ratio (value
taken to be 0.5). The fracture load Prand contact load P, were obtained from the load-
displacement plot. To date, a limited number of specimens have been evaluated by burst
testing to compare the strength data with those obtained by O-ring compression testing. For
the Nextel/SiC composite filter specimens, burst strength was 6.4 +0.22 MPa, a lower value
than that obtained by O-ring tests. This difference is believed to be due to the larger specimen
volume subjected to high stresses during burst testing than that in O-ring compression testing.
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Thermal-Shock Testing

Thermal-shock testing was performed on 1-in.-wide ring specimens machined from the
filters. The ring specimens were insulated on the outer surface to simulate the heat transfer
conditions in service. These specimens were heated to preselected temperatures (25-1100°C)
in an electric furnace. Subsequently, the specimens were quenched in silicone oil at room
temperature (=25°C). Thermal-shock damage was estimated by measuring the strength of ring
specimens by O-ring compression testing before and after thermal quenching.

The results of the thermal-shock experiments are given in Fig. 3, which shows the
retained strength of specimens subjected to varying degrees of thermal quench (AT). Vertical
bars represent the standard deviation when three or four specimens were tested. Other data
points represent values for single specimens.

Results obtained so far indicate that the composite filters show little or no strength
degradation when quenched from =900-1000°C. At higher quenching temperatures, slow
strength degradation was observed. The regular monolithic SiC filters showed no strength
degradation when quenched from =700-900°C. At higher temperatures, strength decreased at
arelatively sharp rate. On the other hand, as seen in Fig. 3b, the recrystallized monolithic SiC
filter specimens showed higher initial strength that was retained to higher quenching
temperatures than in the regular SiC filter specimens. This may be related to differences in
strengths of grain boundary phases in the two cases.

Evaluation of Thermal-Fatigue Behavior

Thermal-fatigue testing of both monolithic and composite filters was performed on 1-in.-
wide ring specimens machined from the filters. These specimens were thermally cycled
between room temperature and preselected elevated temperatures of 800-1000°C. The elevated
temperatures were close to the critical quenching temperature observed in the single-cycle
thermal quenching experiments. The ring specimens were insulated on their outer surfaces, as
before, to simulate heat transfer conditions in service. Thermal-fatigne damage was estimated
by measuring strength (in O-ring compression tests) of the specimens before and after thermal
cycling,
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The results of the thermél—fatigue experiments are given in Fig. 4, which shows retained
strength of filter specimens as a function of thermal cycles. Vertical bars represent the
standard deviation when three or four specimens were tested. Other data points represent
values for single specimens.

In thermal cycling between room temperature and 800-1000°C, Nextel/SiC, PRD-66,
and Babcock & Wilcox composite filters show a small strength degradation (18-24%) up to
three cycles, beyond which strength remained unchanged. Similar behavior was observed for
the monolithic filters that were thermally cycled between room temperature and 800°C;
initially, strength decreased by 15-28% up to about three cycles, beyond which the strength
remained constant. On the other hand, in thermal cycling between room temperature and
900°C, a large drop in strength was observed for the Pall monolithic filter; the reason for this
behavior is currently under investigation to determine if the drop is just a scatter in data. Only
one specimen was tested per condition because of limited filter. As expected, both the
monolithic and the composite filters showed a slight decrease in strength when thermally
cycled at higher temperatures. Microstructural evaluations are in progress to evaluate the
failure modes and mechanisms; the results will be used for analytical modeling to predict filter
performance in service.

STRESS ANALYSIS OF O-RING BURST TESTS

Recently, a series of burst tests were conducted on the composite filters by using an
internal plug. This section summarizes an analysis of the results conducted in order to deduce
the elastic stiffness properties of the composite materials.

The geometry and loading of the composite O-ring burst tests are shown in Fig. 5.
Radial pressure loading is achieved by an internal rubber plug that has an initial radial
clearance at the inner diameter (ID) of the composite. The rubber plug is loaded axially in an
Instron machine. Initially, the O-ring does not see any load, but after the radial gap between
the O-ring and the composite is closed by lateral expansion of the plug (due to Poisson's ratio
effect), the composite experiences a radial pressure loading.

e - -~ - 0 =
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Fig. 5. Typical setup for O-ring burst test. Interfacial pressure p = 0 until

radial clearance u, is closed at axial pressure pao = Pao/ma2.

Analysis

The in-plane stress resultants in the composite are related to the membrane strains by the
stiffness coefficients Kx, Ky, and Kxy as follows:

Nx = Kx 8x + nyﬁy (48')
Ny = Kyyex + Kyty , ‘ (4b)

where N and € are the stress resultants and strains, respectively; and subscripts x and y denote
the axial and circumferential directions, respectively. We assume that the friction effects at the
interface between the rubber plug and the composite O-ring are negligible, so that after
contact, the composite experiences hoop stress only, i.e., N x= 0. In such a case, the above
stress-strain relationship reduces to:
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y =

KZ
N,=Eg, = (K K"’ ]s . (4c)
The radial clearance u, between the plug and the O-ring is closed at an axial pressure of pao,
where

Ee
Dao=Eey, = __v_o_’ . )

where & = uo/a, and E and v are the Young's modulus and Poisson's ratio of the plug,
respectively. Assuming the rubber plug to be incompressible (v = 0.5), the interfacial
pressure p beyond the initial contact at an axial pressure pa is derived by:

D= Da E
= =l1=-= - , 6
where

E~1 — D — Dg, =E(1+
8A —8Ao

Ey
2Ea} : 2

In Egs. 6 and 7, E and E; are the slopes of the axial stress-strain curve of the rubber plug
before and after contact with the O-ring, respectively (Fig. 6).

An estimate for the stiffness of the O-ring can be obtained by solving Eq. 7 as

E, = 2a(F, - E). @®)

y

.Therefore, the hoop stress resultant corresponding to any axial pressure pa is given by

E E
Ny=pa= Z—E:';(pA ~Dao)= [1 -E](pA —Dao)a. | ©)

O-Ring Burst Test

In an ideal O-ring burst test (Fig. 6) starting at O, the plug contacts the O-ring at a stress
PAo and strain €5, (point A), after which the load-displacement curve follows the steep curve
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Fig. 6. Calculated idealized load-displacement curve.

AB with slope E;. After bursting of the ring at B, the load rapidly drops to C and follows the
original load-displacement curve for the plug along CD. In reality, the discontinuous changes
in slopes are replaced by gradual changes.
The measured values of the slopes, based on three tests are

E = (2.455+0.136) MPa

E; =(27.67 £ 1.097) MPa
Using Eq. 8, we find that

E, = (1.2703 £ 0.037) MN/m.

The stiffness properties (Ey, Ey, etc.) of the composite substrate tube (without filter
layer) can be estimated from the measured values of the matrix and fiber properties. With

known values of stiffness (Ey) for the composite filter (composite tube and filter layer) and
composite substrate alone, elastic properties of the filter layer can be estimated. These
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properties will be used to analyze global stresses (thermal stresses, etc.) in composite filters -
to predict filter performance.
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ABSTRACT

A vertical flow-through furnace has been built to study the effect of corrosion on the morphology
and mechanical properties of ceramic hot gas filters. Sections of 3M Type 203 and DuPont Lanxide
SiC-SiC filter tubes were sealed at one end and suspended in the furnace while being subjected to a
simulated coal combustion environment at 870°C. X-ray diffraction and electron microscopy is used
to identify phase and morphology changes due to corrosion while burst testing determines the loss of
mechanical strength after exposure to the combustion gases. Additionally, a thermodynamic
database of gaseous silicon compounds is currently being established so that calculations can be
made to predict important products of the reaction of the environment with the ceramics. These
thermodynamic calculations provide useful information concerning the regimes where the ceramic
may be degraded by material vaporization.

To verify the durability and predict lifetime performance of ceramic heat exchangers in coal
combustion environments, long-term exposure testing of stressed (internally pressurized) tubes must
be performed in actual coal combustion environments. We have designed a system that will
internally pressurize 2" OD by 48" long ceramic heat exchanger tubes to a maximum pressure of
200 psi while exposing the outer surface of the tubes to coal combustion gas at the Combustion and
Environmental Research Facility (CERF) at the Pittsburgh Energy and Technology Center (PETC).
Water-cooled, internal o-ring pressure seals were designed to accommodate the existing 6" by 6"
access panels of the CERF. Tubes will be exposed for up to a maximum of 500 hours at
temperatures of 2500 and 2600°F with an internal pressure of 200 psi. If the tubes survive, their
retained strength will be measured using the high temperature tube burst test facility at Penn State
University. Fractographic analysis will be performed to identify the failure source(s) for the tubes.

INTRODUCTION

This project consists of two separate study areas. Part 1 details the corrosion and resulting
changes in the mechanical properties of candidate hot gas filters exposed to a flow-through type
combustion environment. Additionally, thermochemical modeling will be employed in an effort to predict
system responses under various environments. ChemSage' can be used to study the phase equilibrium of
systems over numerous pressure and temperature ranges. The objective for Part 2 of this program is to
access the long-term (500 hours) durability of candidate ceramic heat exchangers subjected to the
combined effects of stress (internal gas pressure of 200 psi) and hot corrosion via coal combustion
environment.
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EXPERIMENTAL PROCEDURE

Based on results from eatlier flow-over tests on 3M’s Type 203 filters (SiC matrix-Nextel fiber
composite) and DuPont Lanxide’s SiC-SiC composite filters with Nicalon fibers, a reactor was developed
to allow for flow-through experiments on 18” sealed sections of filters coated with ash collected at the
Tidd plant. The vertical flow-through reactor (Figure 1) consists of a'6 inch I.D. SiC furnace tube fixed at
the exhaust end by a stainless steel cylinder to support the filter sections. The inlet gas flow of 30% O,,
15% H,0, 3300 ppm SO,, 1100 ppm HCI, 10 ppm NaCl and 55% air is forced to flow through the filter
material. These tests are carried out with the inlet gas flow rate between 1 and 5 slm at temperatures up
to 870°C and time periods of 50, 100 and 200 hours. After exposure to the corrosive environment, any
phase or morphological changes will be studied with x-ray diffraction and scanning electron microscopy.
The residual strength of the filters will be measured by internal pressurized burst testing.

: Gas
Exhaust -

Stainless Steel
Filter Support

Sample Filter

SiC Elements

[ —sic Tube

Inlet

Figure 1: Vertical flow-through reactor designed for corrosion studies of ceramic filters
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A database has been set up for the Si-O-H-Cl-Na-C-N-Ar system by incorporating
thermodynamic data from MICROTHERM? and Allendorf et al.> By utilizing this database with
ChemSage, the reaction of SiC with oxidizing and reducing atmospheres can be predicted over a range of
temperatures and at extended pressures not easily duplicated by experiment.

Part IT of this program began in February of this year. The objective of the program is to assess
the durability of candidate ceramic heat exchangers subjected to the combined effects of stress and hot
corrosion. This will be accomplished by designing a system that will internally pressurize ceramic tubes
while the outer surface is exposed to coal combustion gases. A pressure system has been designed to fit
the existing 6" by 6" access panels of the Combustion and Environmental Research Facility (CERF) at the
Pittsburgh Energy and Technology Center (PETC) (see Figure 2). Two open-ended tubes (2" OD by
1.625" ID by 48" in length) will be exposed at the same time for a maximum of 500 hours at temperatures
ranging from 2200 to 2600°F with an internal pressure of 200 psig No. If the tubes survive the exposure
to coal combustion, their retained strength will be measured using the Tube Burst Test Apparatus” at Penn
State University. Fractographic analysis will be performed on the tube fragments to identify, if possible,
the source(s) of failure for the tubes.

6" x 6" Access Panels

Figure 2: A system is being designed to fit the existing 6” by 6” access panels of the CERF at
PETC to internally pressurize (200 psig of N, gas) 2” OD by 48” long ceramic tubes while the outer
surface is exposed to coal combustion gases at temperatures ranging from 2200 to 2600°F for up to 500
hours
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RESULTS

Work thus far can be separated into two sections: 1) experimental results from initial flow-
through test and 2) thermochemical modeling of pressurized fluidized bed combustors (PFBC). The
results from the flow-through test include x-ray diffraction, scanning electron microscopy and internal
pressurized burst testing. The corrosion of SiC was studied in oxidizing, reducing and carbonizing
conditions by thermochemical modeling of existing PFBCs.

Flow-Through Test

An initial flow-through test has been conducted on a section of 3M Type 203 filter at 870°C and
5 slm for 50 hours. Figure 3 contains a scanning electron micrograph of the inner surface of the filtering
layer of the as-received 3M filter. The filtering layer consists of a mat of chopped Nextel 312 fibers with a
CVI layer of SiC. The fiber surfaces appear smooth with spherical features on the order of 5 microns.
Figure 4 shows the inner surface of the filtering layer after exposure. The mat now consists of 1 micron
diameter fibrils extending from the chopped fiber surface.

Constant volume x-ray powder diffraction of the filtering layer of the as-received 3M filter
revealed the presence of alpha SiC. The SiC is likely a mix of polytypes but the x-ray pattern most closely
matches that of the 15R polytype (JCPDS file number 39-1196). X-ray on the exposed 3M filtering layer
revealed an amorphous or glassy component and several low-angle peaks in addition to the SiC peaks
found in the as-received 3M filter (Figure 5). The low-angle peaks seem to indicate the presence of trace
amounts of tridymite.

Figure 3: Filtering Layer of 3M Type 203 Filter As-Received
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Figure 4: Filtering Layer of 3M Type 203 Filter After Exposure at 870°C for 50 Hours
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Figure 5: X-ray Diffraction of As-Received and Exposed Filtering Layer from 3M Type 203 Filter
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As-received and exposed 3M filter materials were cut into 4” sections for internal pressurized
burst testing. To pressurize the tubes from these materials, 3 inch rubber plugs were made and centered.
0.5 inches from each end to minimize edge effects. The ends of the plugs were then compressed at a
crosshead speed of 5 mm/min until the tube sections failed. Results indicate that the exposed filter
maintained approximately 85 % of its initial strength.

Thermochemical Modeling

Previous investigatiors have studied and analyzed the Si-O-H system over a range of
temperatures and pressures.>® They proposed that temperature, pressure and H,O (g) partial pressure
would be the biggest determinants as to which silicon species would dominate in the gaseous phase.

Si(OH)4, Si;O(OH)s, SiO(OH) and SiO(OH), are among the silicon gases believed to be present in
appreciable amounts over a broad temperature (600 - 1675 K) and pressure range (1 - 9000 atm). Among
these, Si(OH), (g) is thought to be the most dominate over the temperature and pressure ranges that
combustion systems typically operate.

Six combustion systems were examined with ChemSage under normal operating conditions as
summarized in Table 1. ChemSage calculates the equilibrium of products based upon the initial input of
temperature, pressure and reactant species composition. A series of calculations were made to simulate
the conversion of SiC to SiO,. Figure 6 is a schematic of the reaction routes which can occur during
corrosion of SiC, SiC/SiO; and SiO; (top of Figure 6). Regions I, II and III are the equilibrium conditions
that can exist after the reaction is complete (bottom of Figure 6). SiC, SiO,, carbon and the product gases
are in equilibrium in Region I. This equilibrium can be reached by an initial system of SiC or SiC/SiO,.

In Region I, all of the SiC has been removed at equilibrium and only carbon, SiO, and the product gases
remain. This region is only reached by an inital SiC/SiO, system. Region III consists of 100 % silica.
All of the SiC and carbon have been removed from the system. An SiC/SiO, or pure SiO, system can
reach this equilibrium. Figures 7 through 12 have the equilibrium regions labeled at the top of each
graph. The x-axis on each figure represents the initial percentage of SiC and SiO,. The far left of each
graph represents 100 % SiC while the far right indicates 100 % SiO,. Each data pointisequaltoa
decrease of 5 % SiC and a corresponding increase of 5 % SiO,.

Figures 7 through 12 show the predicted equilibrium for each system as SiC is converted to SiO,. In
all of the systems, Si(OH), (g) is the dominant silicon gas present after a layer of silica has formed on the
SiC. This agrees with the previous studies*®®. However, there is no appreciable Si(OH), (g) product when
SiC is still present. Active oxidation of SiC results in the formation of SiQ, and the removal of silicon by
Si0, SiS and SiH, gases. The presence of sulfur seems to have a great impact on the removal of silicon from
the system. Even a small amount of sulfur (20 ppm) as in the Pinon Pine combustor (Figures 10 and 11) can
seriously affect the removal of silicon from SiC. The Argonne National Laboratory reducing combustor
(Figure 8) is the only system studied that does not include sulfur. As a result, the partial pressure of the
dominant silicon containing gas (SiO) in region “A” is several orders of magnitude lower than any silicon
containing gas in the other systems. Also of significance is the prediction of free carbon formation in all of
the systems under conditions where SiC is still present. This is due to the reducing atmosphere encountered
in all of the systems after the conversion of SiC to SiO,.

The Pinon Pine system is of particular interest since the reducing conditions are the same except for
the difference in pressure. When SiC is still present in the system at equilibrium, an increase in pressure
from 1 to 10 atm causes a jump in SiH, (g) production by two orders of magnitude overtaking SiS (g) as the
dominant silicon gas. However, the total removal of silicon only increases by approximately one order of
magnitude assuming the gas phase reaches equilibrium. However, once a layer of silica forms, the Si(OH),4
gas jumps three orders of magnitude for the same pressure increase.
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Argonne Argonne
National National Penn State Pinon Pine | Pinon Pine Wilsonville
Lab Lab Facility
Condition | Oxidizing | Reducing Oxidizing Reducing Reducing Carbonizing
Temperature 850°C 650°C 870°C 750°C 750°C 816°C
Pressure 1 atm 1 atm 1 atm 1atm 10 atm 11.6 atm
N, 72.4 % 50 % - 48.66 % 48.66 % 52.60 %

CO, 13.5% 6.9 % - 5.45 % 5.45 % 23.7%
CO - 8.8 % - 23.89 % 23.89 % 6.8 %
0, 3.7% - 30 % - - -

H,0 10.5 % 24 % 15 % 5.51 % 5.51% 12.5%
H, - 9.4 % - 14.57 % 14.57 % 0.5%
SO, 250 ppm - 3300 ppm - - -

H,S - - - 20 ppm 20 ppm 0.08 %
NaCl 50 ppm 50 ppm 10 ppm - - - 30 ppm
CH,4 - - - 1.35% 1.35% 1.6 %
NH; - - - 0.02 % 0.02 % 0.08 %

Other - - HCl - 1100 ppm| Ar-0.56% | Ar-0.56 COS -0.015%

Air - Balance

%

C-21%

Table 1: Operating Conditions and Gas Compositions for Combustion Systems
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Figure 6: Schematic of Reaction Routes for Combustion Gas with SiC, SiC/SiO, and Si0o,

CONCLUSIONS

Flow-through tests on candidate ceramic filters are underway and preliminary results indicate that
the filtering layer of the 3M Type 203 SiC material undergos a morphological change as well as the
formation of a glassy phase. Internal pressurized burst testing reveals a decrease in the strength of the filter
of approximately 15 %.

Thermochemical modeling of this and other combustion systems in use suggests that Si(OH), gas is
the primary source of silicon loss once a scale of silica has formed on the SiC. This should not discount the
fact that significant silicon transport may also occur directly from the SiC body by SiO (g), SiH; (g) and
particularly SiS (g) when sulfur is present. Further work needs to be done both experimentally and
theoretically to fully understand the transport of silicon from the SiC/SiO2 system.

Simulating a combustion system with thermochemical modeling gives us the opportunity to study
three areas inparticular. First, it allows us to determine the dominant gaseous species of a system. Second,
oxide (8i0O) and nonoxide (SiC) phases can be easily compared. Third, we can vary the pressure to decide
how to simulate a high pressure run (10 atm) at 1 atmosphere.
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EFFECT OF HEAT TREATMENT AT 1150°C ON CREEP-RUPTURE
PROPERTIES OF ALLOY FA-180

C. G. McKamey and P. J. Maziasz

Metals and Ceramics Division
Oak Ridge National Laboratory
Oak Ridge, TN 37831-6115

ABSTRACT

: The alloy FA-180, with a composition of Fe-28AI-5Cr-0.5Nb-0.8Mo-0.025Zr-
0.05C-0.005B (at.%), is of interest because of its improved creep-rupture resistance
when compared to alloy FA-129 (Fe-28AI-5Cr-0.5Nb-0.2C). At a temperature of 593°C
and under a stress of 207 MPa, the creep-rupture life of FA-129 heat treated for 1 h at
750°C is about 20 h while the FA-180 alloy lasts approximately 100 h. Heat treatment at
1150°C has been shown to further improve the creep life of FA-180 and creep-rupture
lives of approximately 2000 h have been attained. This strengthening was attributed to
the presence of fine matrix and grain boundary Zr-rich MC precipitates that were
produced by the heat treatment. The current study continues our investigation of the
effect of heat treatment at 1150°C on the improvement of creep-rupture life in alloy FA-
180. As part of our effort to understand the strengthening mechanisms involved with heat
treatment at 1150°C, transmission electron microscopy was used to correlate the
microstructure with the improved creep resistance. Results indicate that heat treatment at
1150°C for 1 h, followed by rapid quenching in water or mineral oil, produces even further
improvements in the creep-rupture life of this alloy. A specimen being tested at 593°C
and 207 MPa was stopped after over 6000 h of life, while another specimen lasted over
1600 h at 650°C and 241 MPa. The microstructure of the oil-quenched specimen
contained many dislocation loops which were not present in the air-cooled specimens.
These loops pinned dislocations during creep testing at temperatures of 593-700°C,
resulting in a stabilized deformation microstructure and increased creep-rupture strength.

INTRODUCTION

Past studies have shown that binary FezAl possesses low creep-rupture
strength compared to many other alloys, with creep-rupture lives of less than 5 h being
reported for tests conducted at 593°C and 207 MPa.12 The combination of poor creep
resistance and low room-temperature tensile ductility due to a susceptibility to
environmentally-induced dynamic hydrogen embrittlement3-5 has limited use of these
alloys for structural applications despite their generally excellent corrosion behavior.6
With regard to the ductility problem, alloy development efforts have produced significant
improvements, with ductilities of 10-20% and tensile yield strengths as high as 500 MPa
being reported.78 Likewise, initial improvements in creep resistance have been realized
through small additions of Mo, Nb, and Zr.1.9-13




In recent years, further creep strengthening has been produced by using heat
treatments to control the microstructure.1415 As shown in Fig. 1, for an Fe-28AI-5Cr (at.%)
alloy containing additions of Mo, Nb, Zr, C, and B (designated alloy FA-180), a 1-h
1150°C heat treatment produced creep lives of over 2000 h for tests conducted at 593°C
and 207 MPa. Especially interesting is the sharp dependence of creep strength on heat
treating temperature, which is illustrated by the data in Fig. 1. In earlier studies,
transmission electron microscropy revealed the presence of fine precipitates which
appeared to pin dislocations.# This, together with an activation energy for creep of
approximately 150 kcal/mole (a value which is about twice that obtained earlier! for the
binary alloy heat treated at 750°C) and high creep exponents of 7-12 (ref. 15), indicated
that the observed strengthening was being produced by a precipitation mechanism. The
general conclusion was that the 1150°C heat treatment-resulted in the dissolution of
coarse particles remaining from the melting and casting process, and then reprecipitation
of finer Zr-based precipitates during cooling or the early stages of creep produced the
strengthening.

The current research effort is focused on reaching a better understanding of the
relationship between microstructure and strengthening mechanism(s) for this alloy and
heat treatment. This paper summarizes those efforts.
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Fig. 1. Creep-rupture life as a function of heat treatment temperature (for 1 h
anneals) for tests conducted on alloy FA-180 at 593°C and 207 MPa.
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EXPERIMENTAL PROCEDURES

The alloy composition used in this study was Fe-28AI-5Cr (at.%) with 0.5% Nb,
0.8% Mo, 0.025% Zr, 0.05% C, and 0.005% B (Oak Ridge National Laboratory
designation FA-180). It was prepared by arc-melting and drop-casting into a chilled
copper mold. Fabrication to 0.8-mm-thick sheet was accomplished by hot-rolling,
beginning at 1000°C and finishing at 600-650°C. After a stress relief heat treatment of
1 h at 700°C, flat tensile specimens (0.8 x 3.18 x 12.7 mm) were mechanically punched
from the rolled sheet. Before creep-rupture testing, specimens were further annealed in
air for 1 h at 1150°C and then were either air cooled to room temperature or were
quenched in oil or water.

Creep-rupture tests were performed in air at temperatures between 593 and
750°C under stresses of 138 to 276 MPa (20-40 ksi). In order to obtain creep exponents
and activation energies, minimum creep rates (MCR) were measured as the slope of the
linear portion of the test curve and the data were plotted to a power-law equation. The
results for quenched specimens were compared to earlier published data on air-cooled ’
specimens.15

Optical metallography and scanning electron microscopy (SEM) were used to
study the microstructures and fracture modes. Analytical electron microscopy (AEM)
using either a Philips CM30 (300 kV) or a CM12 [120 kV, with ultra-thin-window x-ray
energy dispersive spectrometry (XEDS) detector] electron microscope was performed on
samples cut from the gage portion of selected test specimens.

RESULTS AND DISCUSSION

Creep-rupture tests were conducted on specimens cooled by different methods
from the 1150°C heat treatment temperature and the data are presented in Table I. The
creep-rupture lives of the rapidly cooled specimens are compared in Fig. 2 with the life of
a specimen that had been cooled in air from the 1150°C heat treatment temperature and
then tested at 593°C. The more rapidly cooled specimens (oil or water quenched)
exhibited the best resistance to creep. Even though the air-cooled specimen had
exhibited a very good rupture life of approximately 1959 h when tested at 593°C and
207 MPa, a specimen that had been quenched in oil showed no signs of rupturing (no
increase in the very low, steady-state creep rate) after 6480 h, at which time the test
was stopped. Likewise, the water quenched specimen that was tested at 650°C under
a stress of 241 MPa ruptured after 1637 h, while another specimen that had been cooled
more slowly in air and tested at the same conditions lasted less than 3 h. The
strengthening mechanism, therefore, appears to be different for quenched versus air




Table I. Creep-Rupture Data for Alloy FA-180 as a Function of the Method Used
for Cooling from the 1150°C Heat Treatment

Creep-rupture Test Life Elongation MCR
Method of Cooling Conditions (h) (%) (/s)
air 593°C, 207 MPa 1959 - 10 8.3x10-7
oil quench 593°C, 207 MPa >6480 5 2.8x10-8
air 650°C, 241 MPa 27 42 . 22x10-8
water quench 650°C, 241 MPa 1637 9 22x10-7
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Fig. 2. Creep-rupture life of air-cooled versus quenched specimens of alloy FA-180.

cooled specimens, although the quenching medium itsefl does not appear to be the cause

of that effect.

Creep tests were conducted as a function of temperature and stress in order to
determine if the activation energies for creep (Q) and the creep exponents (n) were the
same in both the air-cooled and oil-quenched conditions. The results are shown in Figs. 3
and 4. At a stress of 207 MPa (30 ksi), the activation energy for creep in the oil-
quenched specimens was determined to be 76.6 kcal/mole, compared to a Q of
141.1 keal/mole for air-cooled specimens. (The value of Q reported here for the air cooled
specimens is slightly different from that reported earlier's because it was derived from
more data points.) This significant difference in activation energy suggests that a
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Fig. 3. Minimum creep rate versus temperature data for air cooled versus oil
quenched specimens of alloy FA-180 heat treated at 1150°C. All tests were conducted
at a stress of 207 MPa (30 ksi).
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different rate-controlling mechanism is active in the oil-quénched specimens. A plot of
minimum creep rate versus stress (Fig. 4) shows a distinct break at approximately 200
MPa, with the creep exponent increasing at higher stresses. This behavior is indicative
of a change in the rate-controlling creep mechanism with stress and is common in the data
for many precipitate-hardened alloys.1617 The creeb exponent of 10.4 shown in Fig. 4 for
the oil-quenched specimens and the creep exponent for the air cooled specimens, which
was earlier calculated to be 7.9 (ref. 15), are both indicative of alloys which have been
hardened by precipitates or some other dislocation-pinning mechanism. 18.19

Transmission electron microscopy was used to study the microstructure of the oil-
quenched specimen that had been tested for 6480 h at 593°C. The micrograph in Fig. 5
shows that the creep-tested specimen contained networks of two-fold dislocations and
many dislocation loops. At a higher magnification (Fig. 6), a few fine precipitates were
also visible. Closer examination of the loops (Fig. 7) indicated that they were square or
rectangular in shape and were restricted to the orthogonal habit planes (either <110> of
<100>). Additionally, the dislocation segments in the loops appeared to be single rather
than 2-fold and the four segments of each loop were of the same Burgers vector. For
comparison, Fig. 8 shows the microstructure of a specimen in the as-heat-treated-and-oil-
quenched (untested) condition. The dominant features are the B2 ordered domains and
many black dots visible by black-white strain contrast imaging. In this case, by rotating
the specimen through several diffracting conditions, most of the black dots visible in the
microstructure in Fig. 8 were identified as vacancy dislocation loops, not precipitates. It
therefore appears that these fine loops were created in the microstructure as a result of
the rapid quench from the 1150°C annealing.temperature. This is in contrast to the results
from air-cooled specimens reported earlier in which fine Zr-based precipitates that formed
during cooling were found to provide some measure of strengthening during creep.#4
Since it is known that vacancies are created in the Fe-Al system by quenching from high
temperatures, especially for the B2 structure,2021 the identification of these dislocation
loops as being vacancy loops is not unreasonable. Vacancy loop nature would also be
consistent with their growth during further heat treatment or creep testing. During creep-
rupture testing at the temperatures used in this study, the loops provided strengthening
by pinning dislocations and grew in size in the process (as indicated by the larger loop
size in the as-tested specimen, Fig. 5).

CONCLUSIONS

In earlier studies the creep-rupture strength of FesAl-based allby FA-180 (Fe-
28Al-5Cr-0.5Nb-0.8Mo-0.025Zr-0.05C-0.005B, at.%) was shown to be improved
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significantly by heat treating for 1 h at 1150°C. This strengthening was attributed to the
dissolution at 1150°C of coarse particles left over from the melting and casting process
and reprecipitation during cooling or during testing at 593°C of fine Zr-based matrix and
grain boundary precipitates. In this study, creep-rupture tests were conducted on
specimens of FA-180 that had been cooled quickly (oil or water quenched) from the
1150°C heat treatment. The results were compared to the previous data on specimens
that were cooled more slowly in air. The more rapidly cooled specimens exhibited the
best resistance to creep. This additional strengthening was attributed to the formation of
dislocation loops as a result of the rapid quench. These loops pinned dislocations and
grew slowly during testing at temperatures of 593-700°C, resulting in a stabilized
deformation microstructure.
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The Influence of Composition on Environmental
Embrittlement of Tron Aluminides

D. A. Alven and N. S. Stoloff
Rensselaer Polytechnic Institute
Troy, New York 12180-3590

Abstract

The effects of water vapor in air and hydrogen gas on the tensile and fatigue crack -
growth behavior of Fe3Al alloys has been studied at room temperature. Fe-28a%Al-
5a%Cr alloys to which either Zr alone or Zr and C have been added have been tested in
controlled humidity air environments as well as in 1.3 atm hydrogen or oxygen gas and in
vacuum. As with other Fe3zAl alloys, oxygen produces the lowest crack growth rates as
well as the highest critical stress intensities and tensile ductility in each of the alloys
tested. However, while Zr lowers crack growth rates in the Paris regime, there is no
apparent beneficial effect on crack growth thresholds. Hydrogen gas also produces
unusual results. While crack growth rates are very high in hydrogen in the Paris regime
for all alloys, hydrogen only lowers the crack growth threshold relative to air in ternary
Fe-28Al-5Cr; it does not lower the threshold in the Zr-containing alloys. Fracture path
tends to be transgranular in all alloys and environments. The results will be discussed in
the light of possible effects of Zr on oxide formation.

Introduction

Iron aluminides are currently being considered for use in applications where
excellent corrosion resistance, moderate strength at temperatures up to 500°C, and low
cost are desired. Binary iron aluminides do not possess high ductility at room
temperature in air; however, when tested in vacuum or gaseous oxygen environments iron
aluminides have demonstrated ductility of greater than 10% (1, 2, 3). This indicates that
Fe3Al is an inherently ductile material and the low ductility in air is due to an
environmental interaction.

The purpose of this research was to examine the changes in mechanical properties
of several Fe3AlCr intermetallic alloys in various environments. The tensile behavior
and fatigue crack growth resistance were examined and the resulting data will be
discussed in the light of the role of hydrogen in embrittlement of the iron-aluminum

alloys.
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Experimental Procedure
Alloy Composition and Heat Treatment

The composition of the alloys examined in this study are shown in Table 1. All
alloys were fabricated at the Oak Ridge National Laboratory (ORNL) by vacuum
induction melting, extrusion, and in the case of plate material either hot or warm rolling
to the final thickness. The annealing parameters for B2 order consisted of a 700°C anneal
for 1 hour with a mineral oil quench, which was then repeated.

Table 1. Composition of Iron Aluminide Alloys (Atomic %)

ternary 1%2ZxC 0.5%2:C 0.5%Zxr
Fe 67.0 65.95 66.45 66.5
Al 28.0 28.0 28.0 28.0
G 5.0 5.0 5.0 5.0
Zr - 1.0 0.5 0.5
C - 0.05 0.05 -
Grain Size 180um Partially Partially Partially
recrystallized recrystallized recrystallized
Tensile Tests

Tensile specimens were either cylindrical with a 12.7mm long by 5.7mm diameter
gauge section or sheet with a 5Stnm by 1.2mm by 0.5mm gauge section. All tension
specimens were polished to a 0.3[tm finish and ultra-sonically cleansed in acetone prior
- to testing. Testing was carried out in a servo-hydraulic MTS machine fitted with a
vacuum chamber or a screw-driven Instron. The strain rate used in all test was 3x10-
4/sec. All test were conducted at room temperature.

When testing in oxygen or hydrogen gas, the environmental chamber was first -
evacuated to < 6.6 x 10-4 Pa using a diffusion pump fitted with a cold trap. The
appropriate gas was then admitted to the chamber at a pressure of 2300 Pa over

atmospheric pressure for 1 hour prior to testing.
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Fatigue Crack Growth Tests

Fatigue crack growth test were performed at room temperature in air, hydrogen ,
oxygen gas, and vacuum. When testing in an environment the evacuation procedure was
the same as with the tensile tests. For constant humidity tests the chamber was first
evacuated then compressed air was bubbled through a closed beaker containing an
aqueous solution of potassium acetate, which produced 21%rH.

Compact tension specimens were used in all fatigue tests and were cut by electro
discharge machining such that the crack propagation direction was perpendicular to the
rolling direction. The ternary, 0.5%Zr, and 0.5%ZrC specimens were 31.75mm x
30.5mm x 4.8mm thick, while the 1%ZrC specimens were 28.7mm x 27.6mm x 3.6mm
thick due to plate materials supplied by ORNL. Crack length was monitored via the d.c.
potential drop method. Calibration curves were created relating crack length to potential
drop by optically measuring the crack length with a traveling microscope. The R-ratio
(minimum to maximum stress)was 0.5 in order to minimize crack closure effects and the
frequency was 20Hz.

Experimental Results
Tensile Experiments ’

Tensile data for the iron aluminides examined are listed in Table 2. Alloy
0.5%ZrC had the highest ductility and UTS of all alloys tested. Oxygen provided the
highest ductility and UTS for the Ternary alloy while 0.5%ZrC had the same values of
ductility and UTS in air and oxygen. Increasing the amount of Zr to 1a% resulted in a
decrease of both the ductility and UTS, while the removal of C als decreased the ductility
and UTS, but not as severely.

Figures 1(a) - 1(d) show the fracture surfaces of all the alloys tested in air.
Fractographic features were found to be insensitive to environment in both the ternary

and the 0.5%ZrC alloys. The fracture mode was observed to be mixed transgranular
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cleavage and intergranular fracture in the ternary alloy with a switch to transgranular
cleavage and dimpled rupture in the 0.5%ZrC and 0.5%Zr alloys. The fracture mode
reverted back to mixed transgranulér cleavage and interéranular\ fracture in the 1%ZrC
alloy.

Table 2. Tensile Properﬁes of the Iron Aluminides

Air O2 . H»
Alloy YS  UIS Ductlity YS UTS Ductility YS  UTS Ductility
(MPa) MPa) (%) (MPa) (MPa) (%)  (MPa) (MPa) (%)

Ternary 500 980 10.2 510 1180 12.8 500 740 4.2
0.5%ZrC 690 1460 13.8 680 1460 13.1 680 1200 6.1
0.5%Zr* 670 1000 8.2 - - - - - -
1%7:C* 510 880 5.3 - - - - - -

* Average of three tests
Fatigue Crack Growth Experiments

Fatigue crack growth curves are shown in Figures 2, 3, 4, and 5 for the iron
aluminides studied. Table 2 lists the threshold and critical stress intensities, as well as the
stress intensity necessary to produce a crack growth rate of 10-7 m/cycle. The slope in

the Paris regime is not reported since a linear region in the da/dN vs. AK curves could not

always be defined.
Table 2. FCG Data for the Iron Aluminides
Alloy Environment AK (10-7) AK-&{
(MPaym)  (MPavm)  (MPaVm)

Temary  Air (30% rH) 20.3 16.9 26.4
Ternary Oz 38.4 242 42.4
Temary Vacuum 32.6 29.2 39.1
Temary Hp 15.1 142 19.9
0.5%ZxC Air (21% rH) 29.0 18.0 59.4
0.5%2ZxC Oy 423 18.6 68.7
0.5%ZrC Vacuum 29.0 23.2 38.0
0.5%ZrC Hj 21.1 19.8 42.8
0.5%Zr  Air (21% H) 28.1 18.7 39.0
0.5%Zr O 433 20.0 48.9
0.5%Zr  Vacuum 32.6 - 325 46.1
0.5%Zr Hjy 21.2 20.5 38.9
1%ZrC  Air (21% rH) 22.8 16.2 27.6
1%7ZxC O 359 23.0 36.8
1%ZrC  Vacuum 304 26.9 35.1

1%Z2rC  Hp 21.2 20.5 38.9
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10-4 E i i ) T T T T T §
E ?
10° £ . e . 3
) 2 . > 3
g 6 | + H ’
o 10 ¢ - E
£ : # g - ]
~ 5 : ’, -..-.l' ]
2 10 3 # T 3
3 - W ]
-8 | 4 ® Air 21%rH _
10 E ‘ + : n 02 ;
E + ¢ Vacuum E
1 0-g ; * ' L
10 100
~ AK (MPavm)

Figure 3. Fatigue Crack Growth Curves for the 0.5%ZrC alloy at 25°C.




231

1 0-4 % T T T T T T T T 3
2 Lt ]
L + i
10-5 3 ++++‘*+ « & E
o~ E Fa ¢ ]
@ - o o o .
[3] - i [ 4 .
g 10°L e A
E : v & . E
7 + s u 1
Z 107 F # o E
= E - andn ® f
[1v - f. .
© L N -
10-8 L : n o Air 21%rH |
3 | 5 . = O E
- + P 2 =
- + . ¢ Vacuum b
107 : -
10 100
AK (MPavm)

Figure 4. Fatigue Crack Growth Curves for the 0.5%Zr Alloy at 25°C.

-5
1 0 = T T T T T T LI —
3 ++ + :
- +" ]
-6 F .
- 10 ¢ ¥, 3 E
- C + L d pa
2 - Y S ]
8 B * ' [ -
£ 10-7 = ; - 3
= - & i » - f
© - 4 o gnil™ N
I - + ]
S 8 £
10° ¢ ° o Air 21%tH 3
n ), . = 02 ]
[ ¢  Vacuum i
107 ' et B
10 100
AK (MPavm)

Figure 5. Fatigue Crack Growth Curves for the 1%ZrC Alloy at 25°C.




232

In all alloys tested oxygen provides the lowest crack growth rates. The 0.5%ZrC
alloy has the highest critical stress intensity values in all environments, except vacuum, of
the é]loys studied. The addition of carbon to the 0.5%Zr alloy does not affect the crack
growth rates but significantly increases the fracture toughness. The increase in Zr content
to 1a% is detrimental to the crack growth resistance while increasing the threshold stress
intensities in all environments except air. In all Zr-containing alloys the threshold stress
intensity when tested in hydrogen gas was found to be higher than in air.

Figures 6(a) - 6(d) show the fracture surfaces of the fatigned specimens. The
fracture surfaces were found to be insensitive to environment for all alloys. The ternary
alloy exhibited mixed transgranular cleavage and intergranular fracture, while the fracture
mode of the 0.5%ZrC alloy was transgranular, by what appears to be a tearing
mechanism. The 1%ZrC alloy failed by a mixed transgranular tearing and intergranular
fracture mode, while the0.5%Zr alloy failed by mostly transgranular tearing.

Discussion

The increased tensile elongation of the ternary alloy in oxygen as compared to air
demonstrates the embrittling effect of moisture in laboratory air, which is consistent with
previous findings on Fe3ALCr (4, 5). The 0.5%ZrC alloy exhibits similar elongations in
air and oxygen while the elongation is reduced in hydrogen. For the Zr-containing alloys
the elongation is reduced when the C is removed and further reduced when the Zr content .
is increased to 1a% with the C content maintained at 0.05a%. This suggésts that a small
amount of Zr can increase the intrinsic ductility of Fe3ALCr alloys.

The fatigue crack growth behavior of all alloys clearly show the embrittling effect
of hydrogen whether it is present as hydrogen gas or water vapor in air. The lowest crack
growth rates were found in oxygen for all alloys. The difference in critical stress

intensity in the Zr-containing alloys between air and oxygen (about 21%) was much less
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than in the ternary alloy (36%) which indicates that Zr-containing alloys are less
susceptible to moisture-induced embrittlement.

The threshold stress intensities are affected by Zr additions. The addition of 1a%
Zr is only beneficial in hydrogen; in all other environments there is no difference when
compared to the ternary alloy. In air and in hydrogen 0.5a% Zr raises the thréshold stress
intensity by 6% and 28% respectively, while in oxygen it lowers the threshold stress
intensity by 23% when compared to the ternary alloy.

An interesting effect of the addition of Zr was on the‘fatigue crack growth
resistance in hydrogen. In all Zr-containing alloys the threshold stress intensity is higher
in hydrogen gas than in air while the crack growth rate is much hig};er. The threshold
stress intensity also exhibits no change from oxygen to hydrogen for all Zr-containing
alloys. .

The low crack growth rates in the 0.5%Zr alloys were the most surprising results
of this investigation. It has been reported that Zr can influence the oxide formation in
iron aluminides at elevated temperatures (6), but it remains to be determined if a similaf
effect takes place on fresh fracture surfaces at room temperature.

Another explanation by which Zr could affect the crack growth rate is either as a
grain boundary strengthener and/or a trap for H so that the later can not reach the crack-
tip region. The addition of 0.5a% Zr results in a change from mixed transgranular
cleavage and intergranular fracture to transgranular tearing, which could point to both an
increase in the strength of grain boundaries as well as trapping of H before it reaches the
potential flaw sites of the cleavage planes. Zr additions have been found to increase
tensile ductilities in NizAlalloys (7, 8, é) but the fracture mode was unchanged. Further
work is in progress to try to identify the mechanism for improved crack growth resistance

of Zr-containing alloys.
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Conclusions
The addition of small amounts of Zr to Fe3Al,Cr alloys results in lower crack
growth rates. The beneficial effect of Zr is limited, sin?:e the addition of 1a% Zr results in
higher crack growth rates, similar to those for the ternary alloy. The addition of C
appears to only affect the fracture toughness of Fe3ALCr alloys. Zr additions also result
in increased threshold values in hydrogen when compared to air, while the crack growth

rate at higher AK was higher in hydrogen.
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ABSTRACT

Iron aluminides form a coarse fusion zone microstructure when gas-tungsten arc welded. This
microstructure is susceptible to hydrogen cracking when water vapor is present in the welding
environment. Because fusion zone microstructural refinement can reduce the hydrogen cracking
susceptibility, titanium was used to inoculate the weld pool in iron aluminide alloy FA-129. Although
the fusion zone microstructure was significantly refined by this method, the fracture stress was found to
decrease with titanium additions. This decrease is attributed to an increase in inclusions at the grain
boundaries.

INTRODUCTION

Iron aluminides have good strength, oxidation resistance, and corrosion resistance at high
temperatures. However, using these alloys for structural applications has been limited due‘to the poor
weldability of these materials. Iron aluminides form a coarse fusion zone microstructure which is
susceptible to hydrogen cracking when gas-tungsten arc (GTA) welded in the presence of water vapor.
Previous research has demonstrated that the resistance to ﬁydrogen cracking can be improved by refining
the fusion zone microstructure in iron aluminide weldments.

Fasching used magnetic arc oscillation to refine the fusion zone microstructure in iron aluminide
alloy FA-129 weldments'. When welded in an inert environment, arc oscillation effectively refined the
fusion zone microstructure, and the refined microstructures demonstrated improved fracture stress and
ductility when slow strain rate tensile tested in the presence of water vapor. Water vapor was then added
to the welding environment to determine if the improved properties of the refined fusion zone decreased
the susceptibility to hydrogen cracking. However, each different water vapor concentration present
during welding required unique parameters for effective magnetic arc oscillation fusion zone refinement.
Recent work has focused on finding a refinement method less sensitive to the welding environment. This
paper reports the effect of weld pool inoculation on the properties of alloy FA-129.
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EXPERIMENTAL PROCEDURE

Ingots of alloy FA-129 were melted and cast under vacuum at Oak Ridge National Laboratory with
the composition shown in Table 1. The ingots were extruded and then hot rolled at 650°C to a nominal
thickness of 760pum. After a 2-hr anneal at 650°C, the sheet was pickled in a solution of 20 parts water,
2 parts nitric acid, and one part hydrofluoric acid to remove the oxide layer.

Table 1 Iron aluminide alloy FA-129 composition

Fe Al Cr Nb C
wt. pct. 66.3 28.0 5.00 0.50 0.20
at. pct. 717 159 545 0.97 0.05

Welding coupons were sheared from the sheet to be used for either metallographic analysis (S1mm
x 51mm) or tensile testing (76mm x 51mm). A groove was machined into the coupons using a bandsaw
with no lubrication, and the coupons were then given a final cleaning with methanol prior to welding,
Titanium powder (99.5%, <44pm) was deposited in the grodve and covered with a 430pum protective cap
made of FA-129 as well. The final sample configuration is shown in Figure 1.

760pm sheet 430um protective cap
\ \
Tipowder = -
- nN
welding direction

Fig. 1. Schematic diagram of welding coupon used for inoculation study.

A series of GTA welds were made in an argon filled glovebox to determine the effects of heat input
and titanium concentration on the fusion zone microstructure. Table 2 summarizes the matrix used.
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Table 2 Range of test variables

Low | High
Heat Input (J/mm) 118 142
Titanium Addition 2 6
(mg/10mm)

For metallographic analysis of the weldments, samples were mounted, ground, and polished using
standard metallographic techniques. The etchant used to observe the fusion zone microstructure was 60
ml methanol, 40 ml nitric acid, and 20 ml hydrochloric acid. The average fusion zone grain size was
determined by using a Leco image analyzer to measure the length, width, and thickness of the fusion
zone grains. The average grain size reported is the average of the three measurements.

For inclusion analysis, an etchant of 96 ml water, 2 ml nitric acid, and 2 ml hydrofluoric acid was
used. Inclusion fractions were determined by performing point counting on micrographs taken from
several Jocations in the fusion zone. Inclusions were classified as either being located in the matrix or at
a grain boundary.

Tensile testing samples were also welded in an inert environment. After welding, the coupons were
sheared to a width of 25 millimeters, ground to a uniform thickness across the weldment, and a reduced
section was ground into the specimen at the fusion zone (Figure 2). The epoxy beads were added to
prevent slipping of the extensometer during tensile testing. '

Epoxy Bead
"
O
76mm Weldment
/ i —
Rad.=6mm
O
I 1
25mm

Fig. 2. Schematic of sample used for slow strain rate tensile testing.
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Slow strain rate tensile testing (2.78x107° s™) was performed on an ML.T.S. fitted with a Plexiglas
chamber to control the testing environment. Water vapor was added to the chamber by bubbling argon
through deionized water to obtain testing environments which varied the water vapor concentration from
300 to 9000 ppm. A humidity meter was used to measure the actual water vapor concentration in the
chamber during the tensile test. The load and strain data were collected on a P.C. during the test.
Fracture stress was determined by dividing the maximum load by the cross-sectional area of the fractured
sample.

RESULTS AND DISCUSSION

The addition of titanium to the weld pool effectively refined the fusion zone microstructure. The
average grain size in the fusion zone was found to be dependent upon three parameters: travel speed,
heat input, and titanium concentration. Initial welding was performed at 4 mm/s. At this travel speed a
molten ball was observed to develop in front of the weld pool, which was then pushed ahead of the arc.
No fusion zone refinement was observed. When the travel speed was decreased to 2 mm/s, and the
welding current was adjusted such that the heat input was not changed, a typical weld pool was formed
and the fusion zone was refined.

The lowest heat input used in the study, 118 J/mm, was chosen because it was the minimum value
which gave full penetration during welding. However, at the low heat input, fusion zone refinement was
not uniform down the weld length and was not consistent from weld to weld. At the higher heat input
value, 142 J/mm, fusion zone refinement was uniform throughout the weld and repeatable from weld to
weld. ’

Finally, the fusion zone microstructure was dependent upon titanium concentration. With no
titanium addition, the fusion zone microstructure consisted of large columnar grains meeting at a well
defined centerline. The average unrefined fusion zone grain size was 530pm. With the lowest titanium
addition, the microstructure was a mixture of columnar grains, located at the edge of the fusion zone, and
more equiaxed grains at the weld centerline. With higher titanium additions, the fusion zone was
completely uniform with fine, equiaxed grains.

The results of the initial tests are shown in Table 3. Given the more consistent results obtained
when the higher heat input of 142 J/mm was used with a travel speed of 2 mm/s, these parameters were
used when welding coupons for tensile samples. The high and low titanium additions were kept the same
for the tensile sample testing. Using energy dispersive spectroscopy, it was determined that the addition
of 2mg/10mm of titanium resulted in 0.8 weight pércent titanium in the fusion zone and an average
fusion zone grain size of 370pum. Similarly, a 6mg/10mm titanium addition resulted in 1.2 weight
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percent titanium in the fusion zone and an average fusion zone grain size of 70pm. Figure 3 shows the

microstructures obtained using the above parameters. These represent the microstructures used for slow
strain rate tensile testing.

Table 3 Effect of welding parameters on fusion the fusion zone microstructure with titanium inoculation

Heat Input Ti Addition | Avg. Fusion Zone Aspect Ratio Uniform
(J/mm) (mg/10mm) Grain Size (um) (length/width) " Refinement
118 2 215 2.6 No
118 ' 6 280 29 No
142 2 370 3.6 Yes
142 6 70 1.6 Yes

Fig. 3. Fusion zone microstructure of titanium inoculated welds. a) 0% Ti, b) 0.8% Ti, ¢) 1.2% Ti (14X)
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The effects of titanium additions and welding parameters on the fusion zone microstructure are not
unexpected. Titanium additions were made with the expectation that the particles would dissolve and
precipitate out as carbides and possibly oxides or intermetallics during solidification. These inclusions
would then provide heterogencous nucleation sites in the weld pool. Weld pool conditions are more
favorable for these reactions with a slower travel speed. Decreasing the 'travgl speed, while holding the
heat input constant by adjusting either the welding current or voltage, gives more time for reactions in
the weld pool. If the heat input is increased, the weld pool conditions are also more favorable due to the
improved reaction kinetics.

Slow strain rate tensile testing, however, did not give expected results. With increasing titanium
concentration, decreasing average grain size, the fracture stress decreased (Figure 4). The fracture stress
measured for the unrefined weldments were consistent with Fasching’s study’, consequently, the decrease
does not appear to be a material heat effect or a result of the tensile sample configuration (no reduced
section was used in Fasching’s study).

600 —
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B 70 micron (1.2% Ti)
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Fig. 4. Fracture stress of titanium inoculated welds as
a function of titanium concentration and water concentration.

The effect of titanium on the fusion zone inclusion distribution appears to be the cause of the
decrease in fracture stress. The overall fraction of inclusions measured in the fusion zone was
independent of titanium concentration. Inclusions constituted approximately 6 percent of the fusion zone
microstructure. However, when titanium was added to the weld, the fraction of inclusions at the grain
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boundaries increased. In the unrefined weld, 15 percent of the inclusions were located at the grain
boundaries. With 0.8 and 1.2 weight percent titanium in the fusion zone, 43 and 50 percent of the
inclusions were found at the grain boundaries, respectively. Figure 5 shows the typical inclusion
distribution as a function of titanium concentration. At 1.2 weight percent titanium, numerous grain

boundaries were almost completely coated with inclusions.

Fig. 5. Inclusion distribution in titanium inoculated welds. a) 0% Ti, b) 0.8% Ti, c) 1.2% Ti (700X)
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Given the intrinsically brittle behavior of iron aluminides, fracture initiation is what must be
controlled. Fracture is initiated at the weakest point in the weldment and the initiated crack becomes
unstable when a critical length is reached. The inclusions located at the grain boundaries may be low
stress crack initiation sites. With an applied stress, the interface between the inclusion at the grain
boundary and the matrix can be broken, creating a critical crack, which in turn, causes the sample to fail.
Inclusions may also be broken by the applied stress, again creating a critical crack. Figure 6 shows both
failed interfaces as well a fractured inclugion observed in an inoculated weldment.

Fig. 6. Weld pool inclusions associated with fracture.
a) Failed inclusion/matrix interface b) Cracked inclusion (3500X)

A final possible effect of titanium may be an increase in porosity which is related to an increased
hydrogen content in the weld pool. At thermodynamic equilibrium, the water, hydrogen, and oxygen

concentrations are given by the relationship given in Equation 1.
[H,0] =k [H]’[O] 1]

As titanium and aluminum form oxides in the weld pool, the oxygen concentration decreases and the
hydrogen concentration increases to maintain the equilibrium equation given in Equation 1. The
increased hydrogen could cause higher porosity levels in the fusion zone. Figure 7 shows porosity
observed in the area of inclusions in an inoculated fusion zone. Large pores can act as stress

concentrators or in an extreme case, the pore diameter may approach the critical crack length.
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Fig. 7. Porosity in inoculated fusion zone. (2100X)
CONCLUSIONS

The following conclusions can be reached from the results of the study:
Titanium additions effectively refine the fusion zone microstructure in FA-129 weldments.

2, The average fusion zone grain size in FA-129 inoculated welds decreases with increasing
titanium concentration.

3. Slow travel speeds, regardless of heat input, are required for titanium inoculation to
effectively refine the fusion zone microstructure.

4, Higher heat inputs improve the fusion zone microstructure uniformity when welding with a
slow travel speed.
Titanium additions change the distribution of inclusions in FA-129 welds.

6. During slow strain rate tensile testing, the fracture stress of the fusion zone decreases with

increasing titanium concentration.
CURRENT WORK

Work currently focuses on determining the weldability and mechanical properties of zirconium-
containing iron aluminides. Work done at Oak Ridge National Laboratory has shown that the zirconium
and carbon concentration in a base alloy of iron, aluminum, and chromium greatly affect the mechanical
properties of the alloy®. To determine the effect of zirconium and carbon on weldment properties, two
heats of material were cast with the following compositions (all atomic percents): Fe - 28.0% Al - 5.00%
Crand Fe - 28.0% Al - 5.00% Cr - 0.50% Zr - 0.05% C. Welds have been made on tensile samples in an
inert environment for slow strain rate (2.78x10° s™) tensile testing in atmospheres of varying water
vapor concentration (approximately 0 - 9000ppm).
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Preliminary results show that the addition of zirconium and carbon increases the fracture stress of
the weldments and that neither the ternary alloy nor the zirconium-containing alloy have shown a
fracture sensitivity to the water vapor concentration present during slow strain rate tensile testing. This
may indicate less susceptibility of the alloys to hydrogen cracking. With FA-129, the fracture stress
decreased with increasing water vapor concentration.

With the zirconium addition, the fracture behavior is the same as seen in alloy FA-129. Once a
crack is nucleated, crack growth becomes unstable and the sample completely fractures. In the ternary
alloy, however, once a crack is initiated the sample does not fail, allowing the M.T.S. to adjust the
applied load. The crack then propagates in a stable manner across the sample. Without a reduced
section added to the tensile sample, the ternary alloy fails along the weld centerline, while the zirconium-
containing alloy fails in the heat affected zone/fusion line region.

The greatest issue with the zirconium-containing alloy is its weldability. Hot cracking has been
observed more frequently than was seen with alloy FA-129 or is currently experienced with the ternary
alloy. Future work should therefore focus on determining the effect of zirconium and carbon
concentrations on the hot cracking susceptibility of the alloys.
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ABSTRACT

Low NOx burners are being installed in many fossil fired power plants in order
to comply with new Clean Air Regulations. Due to the operating characteristics of
these burners, boiler tube sulfidation corrosion is often enhanced and premature tube
failures can occur. Failures due to oxidation and solid particle erosion are also a
concern. A program was initiated in early 1996 to evaluate the use of iron aluminide
weld overlays for erosion/corrosion protection of boiler tubes in Low Nox boilers.
Composite iron/aluminum wires will be used with the Gas Metal Arc Welding
(GMAW) process to prepare overlays on boiler tubes steels with aluminum contents
from 8 to 16wt%. The weldability of the composite wires will be evaluated as a
function of chemical composition and welding parameters. The effect of overlay
composition on corrosion (oxidation and sulfidation) and solid particle erosion will
also be evaluated. The laboratory studies will be complemented by field exposures of
both iron aluminide weld overlays and co-extruded tubing under actual boiler
conditions.
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INTRODUCTION

Under new clean air regulations, electric utility companies will be required to
operate under boiler conditions which reduce NOx emissions. The new operating
conditions use a fuel-rich reducing gas to lower NOx emissions. Tile boiler
environment created by this approach often inhibits the formation of protective surface
oxide scales in localized regions of the boiler and promotes sulfide scale formation,
thus accelerating boiler tube corrosion rates. This new operating environment places a
greater need on high performance coatings for boiler tube life extension. Through
sponsorship of an electric utility consortium, research has been initiated to evaluate
commercially available stainless steel and nickel based weld overlay coatings for
erosion and corrosion protection in these low NOXx boiler environments. Recent
research on the corrosion and erosion of iron aluminide weld overlays indicates these
alloys are also an excellent candidate for this application'?. Therefore, the program
was expanded in early 1996 through sponsorship of the Fossil Energy Advanced
Research and Technology Development (AR&TD) Program to include the evaluation
of iron aluminide weld overlays with deposit aluminum contents from 8 to 16 wt% Al
The main objectives of this research are to: 1) Develop wires for GMAW overlay
applications and 2) Develop overlay compositions with good sulfidation resistance that

are readily weldable.
DISCUSSION OF CURRENT ACTIVITIES

Wire Fabrication

The deposition of weld overlays on boiler tube waterwalls often requires
application of very large surface areas under field conditions. Thus, a high deposition

rate process such as GMAW must be utilized. Although iron aluminide consumables
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can be prepared in rod and powder form for use with the Gas Tungsten Arc Welding
(GTAW) and Plasma Arc Welding (PAW) processes, these processes typically operate
at low deposition rates due to their inherently low thermal ;afﬁciency 34, Therefore, a
technique is required for fabricating spooled wire for the GMAW process. Preparation
of small diameter iron aluminide wires for GMAW is impractical due to relatively low
ductility. A composite wire fabrication technique has been devised and implemented
by Stoody Company of Bowling Green, KY. With this process, a commercially pure
aluminum wire is wrapped in a low carbon steel sheath and drawn to the final
diameter. Additional alloying elements (e.g., Cr and Zr) can be added between the
aluminum core wire and steel sheath during the drawing process. A typical wire
prepared with this technique containing 22wt%Al - 8wt%Cr - 0.40wt%Zr is shown in
Figure 1. At this early stage in the progr‘am,’four additional wire compositions are

being fabricated (Table 1) for future studies on corrosion, erosion, and weldability.

Figure 1. Cross-sectional photomacrograph of composite Fe-Al-Cr-Zr wire used
to deposit weld overlays with the GMAW process.




250

Table 1. Chemical composition of composite iron/aliminum wires selected for
weldability and corrosion studies.

Overlay/Wire Al Cr Mo C B Zr
Number (Wt%) (wt%) (Wt%) (Wt%) (wppm) (wt%)
Wire-1 21.3 0 04 0.1 25-50 0.25
Wire-2 213 6.7 0.4 0.1 25-50 0.25
Wire-3 10.5 0 04 0.1 25-50 0.25
Wire 4 10.5 6.7 04 0.1 25-50 0.25
FUTURE WORK

The alloys listed in Table 1 will be utilized to prepare GMAW weld overlays
with varying compositions. The erosion resistance of each overlay will be evaluated at
500°C using particle impact angles of 30° and 90°. Weldability (resistance to hydrogen
cracking) will be evaluated as a function of overlay composition and welding
parameters (e.g., preheat, interpass temperature, postweld heat treatment temperature).
The corrosion resistance will be evaluated quantitatively using thermo-gravimetric
techniques in an H,-H,S containing gas. Qualitative long term corrosion evaluations |
will also be conducted in tube furnaces under identical conditions. The results of these
studies will be compared to results of similar research being conducted on

commercially available stainless steel and nickel based weld overlays.
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ABSTRACT

Effects of retained high-temperature surface oxides, produced during thermomechanical processing
and/or heat treatment, on the aqueous-corrosion and environmental-embrittlement characteristics of
Fe3Al-based iron aluminides (FA-84, FA-129 and FAL-Mo), a FeAl-based iron aluminide (FA-385),
and a disordered low-aluminum Fe-Al alloy (FAPY) were evaluated. All tests were conducted at room
temperature in a mild acid-chloride solution. In cyclic-anodic-polarization testing for aqueous-corrosion
behavior, the surface conditions examined were: as-received (i.e., with the retained high-temperature
oxides), mechanically cleaned and chemically cleaned. For all materials, the polarization tests showed
the critical pitting potentials to be significantly lower in the as-received condition than in the
mechanically-cleaned and chemically-cleaned conditions. These results indicate detrimental effects of
the retained high-temperature oxides in terms of increased susceptibilities to localized corrosion. In
200-hour U-bend stress-corrosion-cracking tests for environmental-embrittlement behavior, conducted
at open-circuit corrosion potentials and at a hydrogen-charging potential of -1500 mV (SHE), the
above materials (except FA-385) were examined with retained oxides and with mechanically cleaned
surfaces. At the open-circuit corrosion potentials, none of the materials in either surface condition
underwent cracking. At the hydrogen-charging potential, none of the materials with retained oxides
underwent cracking, but FA-84, FA-129 and FAL-Mo in the mechanically cleaned condition did
undergo cracking, These resuits suggest beneficial effects of the retained high-temperature oxides in
terms of increased resistance to environmental hydrogen embrittlement.

INTRODUCTION

The overall objective of this project was to study the effects of retained high-temperature surface
oxides, produced during thermomechanical processing and/or heat treatment, on the agueous-corrosion
and environmental-embrittlement characteristics of several FezAl-based iron aluminides, an FeAl-based
iron aluminide, and a low-aluminum Fe-Al alloy. Previous aqueous-corrosion studies of these
materials by the present authors and colleagues have examined specimens only with cleaned surfaces
(i.e., mechanically ground or polished surfaces).1'4 The high-temperature surface oxides of the present
study are not likely to have the same chemistry nor the same morphology (e.g., thermal cracking) as the
passive films formed naturally on a clean surface in an aqueous environment. It was hypothesized that
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the presence of the high-temperature oxides could modify both the resistance to localized corrosion and
the resistance to environmental embrittlement. To address these issues, the project involved cyclic-
anodic-polarization testing to evaluate aqueous-corrosion behavior and U-bend stress-corrosion-
cracking to evaluate environmental-embrittlement behavior,

In the mild acid-chloride solution employed in this study, which was designed to simulate
aggressive atmospheric-corrosion, the alloys evaluated are susceptible, to various degrees, to pitting
corrosion. An excellent method for evaluating the relative pitting-corrosion susceptibility involves
producing and analyzing cyclic anodic polarization curves. A schematic illustration of such a curve is
shown in Figure 1, where certain electrochemical parameters are identified.

Potential (E)

corr

Log Current Density (i)

Fig. 1. Schematic illustration of cyclic anodic polarization behavior.

To produce the curve, the corrosion sample first is allowed to stabilize in the electrolyte such that a
steady-state, open-circuit, corrosion potential, E ., is established. Next, with a potentiostatic circuit,
the potential of the sample, E, is forced in the positive direction at a given rate while the current
density, i, is continuously measured. After the potential has moved away from E ., by a relatively
small amount (= 50 mV), the current density is directly proportional to the corrosion rate. The
potential scan is continued in the positive direction until a predetermined reversing current density, i, is
reached. At this point, the potential scan direction is reversed, moving in the negative direction, and
continued until a very low current density is achieved. InFigure 1, the nearly vertical region in the up-
scan portion of the curve, characterized by an average passive current density, ip, is reflective of
passivation, where the material has developed a thin protective oxide/hydroxide passive film, and,
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therefore, corrodes at a very low fate over a range of potentials. At the critical pitting potential, Epiv
pitting corrosion initiates, with a sharp increase in current density. The pitting corrosion accelerates to
ir, and continues during the down-scan portion of the curve until the protection (or repassivation)
potential, Ep, is reached (which corresponds to the cross-over point for the up-scan and down-scan
curves). With reference to Figure 1, two of the parameters often used to characterize relative
resistance to pitting corrosion are: (1) the magnitude of Epg, with higher values corresponding to
greater pitting resistance, and (2) the difference between Ep; and Ecory, i.€., (Epjt - Ecorr)> With higher
values corresponding to greater pitting resistance.

EXPERIMENTAL PROCEDURES

Cyclic anodic polarization tests were conducted at room temperature in a mild acid-chloride
solution (pH = 4, 200 ppm CI") on the following materials: the FegAl-based iron aluminides, FA-84
(Fe-28A1-2Cr-0.05B, at. %), FA-129 (Fe-28A1-5Cr-0.5Nb-0.2C, at. %), and FAL-Mo (Fe-28Al1-5Cr-
1Mo-0.04B-0.08Zr, at. %), a disordered low-aluminum Fe-Al alloy, FAPY (Fe-16.1A1-5.4Cr-1.1Mo-
0.1C, at. %), and an FeAl-based iron aluminide, FA-385 (Fe-35.65A1-0.20Mo-0.05Zz-0.11C, at. %).
The FA-84, FA-129, FAL-Mo, and FAPY materials, in as-processed sheet form, were kindly supplied
by Dr. Vinod Sikka of the Oak Ridge National Laboratory (ORNL); the FA-385 material, in rod form
with a cladding, was kindly supplied by Dr. Philip Maziasz of ORNL.

For the FA-84, FA-129, FAL-Mo, and FAPY materials, the surface conditions evaluated were: (1)
as-processed (i.e., with the retained high-temperature oxides characteristic of the prior
thermomechanical processing methods), (2) mechanically cleaned (ground through 600-grit SiC paper
to remove all high-temperature oxides), and (3) chemically cleaned (immersed in an acid solution until
all high-temperature oxides were removed (approximately 30 minutes), then immersed in 10% HNO3
at 43 °C for one hour as a passivation treatment). Specifically, the thermomechanical processing
procedures (accomplished at ORNL) for the as-processed condition were: hot forged 50% at 1000 °C,
hot rolled 50% at 800 °C, and warm rolled 70% at 650 °C to a finish thickness of 0.75 mm. The acid
solutions employed for chemical cleaning varied with the material, as follows: FA-84, 10% HNO; at
43 °C; FA-129, 10% HNOj5 plus 2% HF at room temperature; FAL-Mo, 10% HNOj; plus 2% HF at
43 °C; and FAPY, no HNO;/HF/temperature combination was found to satisfactorily remove the oxide
and produce a smooth surface. Because of the form of the as-received FA-385 material (rods with
protective claddings), it did not have the high-temperature oxides. To create the high-temperature-
oxide surface condition, the FA-385 samples were annealed in air at 750 °C for one hour, then air

@
-
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cooled. This condition will be referred to as the “heat treated” condition, not as the as-processed
condition. The mechanically-cleaned condition was accomplished in the same manner as described for
the other materials.

Cyclic anodic polarization tests were performed with a standard polarization cell and an EG&G
Model 273 potentiostat. Each sample was mounted in epoxy, attached and electrically connected to a
sample holder, and placed in a polarization cell containing the mild acid-chloride electrolyte.
Stabilization was allowed to occur for at least one hour, after which E ., was measured. The cyclic
polarization curve was then generated at a scan rate of 600 mV/h. The reversing current density was
1000 uA/cmz.

U-bend stress corrosion cracking tests were performed on the above alloys (except FA-385). Sheet
material was cut into 1 cm by 11.9 cm strips and then the thermomechanical oxide was mechanically
removed (600-grit SiC). The strips were heat treated in air at 750°C for one hour and then quenched in
oil. Half of the strips were mechanically cleaned once again to remove the furnace oxide. The strips
were bent to a radius of 15.9 mm, thus forming the U-bend specimen geometry illustrated in Figure 2.
Each specimen was fastened into the U-bend shape by means of a polyvinyl chloride bolt so as to
eliminate galvanic corrosion effects. The total strain in the bend was determined by the relation
(ASTM G 30), E=T/2R, where T is the specimen thickness and R the bend radius. The total strain
placed on the U-bend specimens ranged from 0.024 to 0.037 cm/cm. Due to an inability to reliably
produce a chemically-cleaned surface for all alloys, this surface condition was not evaluated. Testing
of the U-bend specimens was conducted in the same mild acid-chloride solution employed in the
polarization tests.

One series of U-bend tests was conducted at the open-circuit corrosion potential, E,,, which was
monitored continuousty for 200 hours. A second series of tests was conducted at a hydrogen-charging
potential of -1500 mV(SHE) to enhance the production of hydrogen at the specimen surfaces. In this
series of tests, the cathodic current density was monitored continuously.

Fig. 2: Schematic geometry of U-bend test specimen.
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RESULTS AND DISCUSSION !

The cyclic anodic polarization behaviors of FA-84 (28A1-2Cr) in the as-processed, mechanically-
cleaned, and chemically cleaned surface conditions are shown in Figure 3. The as-processed condition,
relative to the mechanically-cleaned and chemically cleaned conditions, produced a lower pitting
potential (Ep;), and a higher corrosion potential (Ecoyy). Both the lower Epy;; value and the lower (Epit
- B orp) value for the as-processed (high-temperature oxide) surface condition indicated reduced
resistance to pitting corrosion. The decreased passive current density, ip, for the chemically cleaned
surface suggested that the chemical cleaning process enhanced the propetties of the passive film, most
likely by thickening it.
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Fig. 3. Cyclic anodic polarization behaviors of FA-84 with as-processed,
mechanically-cleaned, and chemically-cleaned surfaces.

As seen in Figure 4 for the FA-129 (28 Al-5Cr) alloy, the as-processed surface condition performed
poorly with respect to both the mechanically-cleaned and chemically-cleaned surface conditions. The
as-processed surface condition showed almost no tendency for passivation. For the as-processed
surface, the pitting potential was significantly lower, and the corrosion potential higher, than for the
other two conditions which involved removal of the high-temperature oxide. Again, both the lower Ep;;
value and the lower (Ep;¢ - E¢ory) value for the as-processed surface condition indicated reduced

resistance to pitting corrosion.
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Fig 4. Cyclic anodic polarization beﬁaviors of FA-129 with as-processed,
mechanically-cleaned, and chemically-cleaned surfaces.

As seen in Figure 5 for the FAL-Mo (28A1-5Cr-1Mo) alloy, the pitting potential, Epit’ for the as-
processed surface condition was significantly lower than the Epit values for the mechanically-cleaned
and chemically-cleaned surfaces. Also, the range of the passive current density, ip, was rather small
for the as-processed surface condition. It also is noted that the high-temperature oxide on the as-
processed surface did not produce a stable ip, i.e., current-density fluctuations were obvious. The
mechanically and chemically cleaned conditions each had certain advantages. The mechanically-
cleaned surface had a slightly higher Epit and a lower E . However, the chemically cleaned surface
had a significantly lower ip. The lower ip suggested that there was either a thickening of the passive
film or possibly a Cr enrichment of the passive film caused by the chemical cleaning process.
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Fig 5. Cyclic anodic polarization behaviors of FAL-Mo with as-processed,
mechanically-cleaned, and chemically-cleaned surfaces.
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The cyclic anodic polarization behaviors of the disordered alloy, FAPY (16A1-5Cr-1Mo), in the as-
processed and mechanically-cleaned surface conditions are shown in Figure 6. A chemically-cleaned
surface could not be produced that was sufficiently smooth so as not to promote a surface roughness
effect during the polarization test. Once again, the as-processed surface performed poorly in
comparison to the mechanically-cleaned surface. The as-processed surface condition produced a much
lower Epy, with litfle indication of a passive current density, i;, and 2 much higher E¢q,y value.
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Fig 6. Cyclic anodic polarization behaviors of FAPY with as-processed and
mechanically-cleaned surfaces.

As seen in Figure 7 for the FeAl-based iron aluminide, FA-385 (36A1-0.2Mo), the heat-treated
high-temperature-oxide surface condition produced a much lower Epy;,, a much lower iy, and a higher
Eorr value than the mechanically-cleaned surface condition. Both the lower Epy;, value and the lower
(Epit - Ecory) value for the high-temperature-oxide surface condition indicated reduced resistance to
pitting corrosion.

An observation that did not manifest itself directly in the polarization behavior was the appearance
of the surfaces of the samples after chemical cleaning. The high-temperature-oxide surfaces of FA-84
and FA-129 were cleaned rather easily in the 10% HNOg3, 2% HF solution but also could be cleaned in
a solution containing only 10% HNO3. However, the oxide surfaces of FAL-Mo and FAPY were slow
to clean in the 10% HNO3, 2% HF solution, and could not be cleaned at all in the 10% HNOj3 solution.
Furthermore, after chemical cleaning, the FA-129 and FA-84 samples had shiny smooth surfaces,
whereas the FAL-Mo and FAPY samples had shiny rough surfaces. For the FAL-Mo and FAPY
samples, the attack of the 10% HNOj3, 2% HF solution was more prominent in areas of exposed base
material, i.e., cut faces or where the oxide had flaked off. The difficulties experienced in removal of the
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high-temperature oxides apparently can be attributed to the presence of molybdenum in the FAL-Mo
and FAPY alloys, which also is partly responsible for the greater aqueous-corrosion resistance
exhibited by these atloys.
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Fig 7. Cyclic anodic polarization behaviors of FA-385 with heat-treated and
mechanically-cleaned surfaces.

‘With regard to the 200-hour U-bend stress-corrosion-cracking tests, the overall results in terms of
cracking behavior are shown in Table 1. For the tests conducted at the corrosion potential, E_, none
of the mechanically-cleaned nor furnace-oxide U-bend specimens underwent cracking. For the tests
conducted at the hydrogen-charging potential, -1500 mV(SHE), although none of the furnace-oxide
specimens underwent cracking, several of the mechanically-cleaned specimens did undergo cracking.
Specifically, at the hydrogen-charging potential, specimens of FAL-Mo, FA-129, and FA-84 all
experienced cracking in the mechanically-cleaned condition but not in the furnace-oxide condition.
These results indicated that under severe hydrogen-producing conditions, the presence of the high-
temperature oxides are beneficial in improving the resistance of the materials to environmental

embrittlement.

For the U-bend tests conducted at the hydrogen-charging potential, the resultant cathodic current
densities for the alloys in the two surface conditions are shown in Table 2 for time periods of 20 and
200 hours. The current densities are directly proportional to the amount of hydrogen cathodically
produced at the specimen surfaces, but do not indicate the amount of atomic hydrogen diffusing into
the material substrates. Generally (with the exception of FA-84), the cathodic current densities were
lower for the furnace-oxide specimens at shorter times, but somewhat higher at longer times. Overall,
it appeared that the high-temperature oxides did not prevent, in a major way, the production of
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hydrogen at the oxide/solution interface, but rather functioned as barriers in retarding the diffusion of
atomic hydrogen through the oxides and into the material substrates, thus reducing the hydrogen-

embrittlement effect.
Table 1. 200-hour U-bend-test cracking results.
Alloy Tests at Corrosion Potential, E_ .. Tests at Hydrogen-Charging Potential,
-1500 mV SHE
Mechanically-Cleaned | Furnace-Oxide | Mechanically-Cleaned | Furnace-Oxide
Surfaces Surfaces Surfaces Surfaces

FAL-Mo No Cracking NoCracking | Cracked (<190h) | No Cracking
FA-129 No Cracking No Cracking Cracked (<23 h) No Cracking
FA-84 No Cracking No Cracking Cracked (<190 h) No Cracking
FAPY No Cracking No Cracking No Cracking No Cracking

Table 2. Cathodic current densities (pA!cmZ) during hydrogen charging.

Alloy Mechanically—Cleéned Furnace-Oxide
Surfaces Surfaces
At20hours | At200 hours | At20hours | At 200 hours
FAL-Mo 306 321 217 405
FA-129 445 425 351 435
FA-84 375 430 780 836
FAPY 327 346 323 - 499
CONCLUSIONS

Electrochemical aqueous-corrosion studies showed that retained high-temperature surface oxides
on iron aluminides (FA-84, FA-129, FAL-Mo, and FA-385) and a related alloy (FAPY), produced
during thermomechanical and/or heat treatment processing, caused major reductions in corrosion
resistance in a mild acid-chloride electrolyte designed to simulate aggressive atmospheric corrosion.
Removal of the oxides by mechanical grinding or chemical cleaning restored the corrosion resistance.
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A standard pickling solution employed for stainless steels, nitric plus hydrofluoric acid, worked well
for the iron aluminides not containing molybdenum (FA-84 and FA-129), producing a clean, smooth
surface. However, for the molybdenum-containing materials (FAL-Mo and FAPY), although this
solution was effective in removing the oxide, it produced an unacceptably rough surface.

U-bend stress-corrosion-cracking tests conducted in the mild acid-chloride electrolyte on FA-84,
FA-129, FAL-Mo, and FAPY showed that under electrochemical hydrogen-charging conditions,
specimens with mechanically-cleaned surfaces underwent cracking, whereas specimens with retained
high-temperature furnace-oxide surfaces did not undergo cracking. The results suggest that the high-
temperature oxide serves as a hydrogen diffusion barrier and , consequently, is beneficial in terms of
improving resistance to environmental embrittlement.
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ABSTRACT

This paper deals with the melting, processing, properties, and microstructure of
three commercially melted heats of Fe-16 at. % Al alloy FAPY. All of the heats were air-
induction melted (AIM), two at Hoskins Manufacturing Company (Hamburg, Michigan)
and one at United Defense (Anniston, Alabama). One ingot from each of the heats was
used for testing at the Oak Ridge National Laboraotry. A 127-mm.-long section from each
ingot was used for determining properties and microstructure in the as-cast, cast and hot-
processed, and cold-rolled conditions. The fine-grained sheet showed 20% elongation at
room temperature.

INTRODUCTION

The FAPY is an Fe-16 at. % Al alloy of nominal composition given in Table 1. The aluminum
content of the alloy is such that it remains single phase (¢t) without the formation of an ordered phase (DO3).
The alloy has good oxidation resistance at temperatures up to 1000°C and has shown significantly superior
performance as heating elements when compared to the commonly used nickel-based alloy, NICHROME®
(Driver-Harris Company, Harrison, New Jersey). Although wire for the heating elements has been fabricated
from small (6.8-kg) laboratory heats, for its commercial applications, the wire needs to be producible from
large (545- to 680-kg) air-melted heats. The purpose of this study was to produce commercial-size heats and
investigate their mechanical properties and microstructure in the as-cast, hot-worked, and cold-worked
conditions. The results of this study are expected to provide: (1) inéight into processing steps for large heats
into wire under commercial conditions, and (2) the mechanical properties data on commercial-size heats in

various product forms.
ALLOY PREPARATION AND PROCESSING

A total of three commercial-size heats were used in this study. Two heats of 545 kg each were
air-induction melted (ATM) at Hoskins Manufacturing Company (Hamburg, Michigan) and cast into standard
203-mm tapered ingots. The third heat was processed by AIM at United Defense (Anniston, Alabama). This
heat was primarily cast into various sand molds but was also cast into two ingot molds provided by Hoskins.
One ingot each from the heats melted at Hoskins and United Defense were sent to the Oak Ridge National
Laboratory (ORNL) for processing, property, and microstructural evaluation. The chemical analysis of each

heat and the heat numbers are included in Table 1.
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Table 1. Comparison of chemical analysis of two FAPY alloy heats made at
Hoskins Manufacturing Company and one heat made at United Defense

with the target composition
Weight percent
Element Target Hoskins Manufacturing Company
United Defense
Heat 899-40299
Heat 899-21689 Heat 899-21690
Al 8.46 8.69 8.45 9.19
Cr 5.50 5.46 5.49 5.31
Zr 0.20 0.20 021 0.21
C 0.03 0.054 : 0.044 0.022
Mo 2.00 2.06 2.10 2.03
Y 0.10 0.134 0.164 0.04¢
Mn - 0.34 0.34 0.19
S - 0.006 0.007 0.011
Nb - 0.012 0.01 <0.01
B - <0.001 <0.001 b
Ny - 0.003 0.002 0.003
0] - 0.003 0.003 0.002
Fe c c c c

9Estimated.
bNot analyzed.
CBalance.

A 127-mm-long section of each ingot was cut from the ingot bottom. The macrostructure of the cut
sections of each ingot is shown in Fig. 1. The ingots cast at Hoskins were sound but showed a slightly
different microstructure. The ingots cast at United Defense showed a crack in the cross section.

A 2-in.-thick slice was cut from the middle section of each of the 127-mm-long ingot sections. The
remaining part of the ingot section was used for machining specimens in the as-cast condition. The 51-mm-
thick slice was hot-forged 50% at 1150°C. The 25-mm-thick forged plate was hot-rolled at 1000°C to
13--mm-thick plate. This plate was used for machining longitudinal specimens for properties in the hot-
rolled condition. A part of the 13-mm-thick plate was hot-rolled at 1000°C to 2.54-mm-thick sheet. This
sheet was rolled to 1.3 mm thickness at 600°C, subsequently annealed. for 1 h at 800°C, and cold-rolled to

0.76 mm thickness. The cold-rolled sheet was used to punch specimens for testing in the wrought condition. .

A square bar of 61- by 61-mms cross section hot-rolled from an ingot at Hoskins was also included

for testing.
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ORNL Photo 2162-96
8594025

Fig. 1. Macrostructure of sections cut from three ingots of FAPY alloy.

Test bars machined from ingots, hot-rolled plate, hot-rolled bar, and punched from the sheet were all
given a 1-h anneal at 800°C in air followed by air cooling prior to testing. In only one case, the sheet

specimens were tested in the as-rolled condition, which contained 40% cold-work from the rolling process.
TENSILE TESTING AND PROPERTIES

Tensile tests (one pér temperature) were carried out in air at temperatures varying from room
temperature to 800°C. The strain rate for bar specimens was 2.7 X 10-3/s"L and 3.3 x 10-3/s°1 for sheet
specimens. The 0.2% yield strength, ultimate tensile strength, total elongation, and reduction of area for each
heat are plotted as a function of test temperature in Figs. 2 and 3. The following observations are made from

- these figures:

1. The 0.2% yield strength of the as-cast ingot is the lowest from room temperature to 600°C and the
highest for the sheet with the hot-rolled plate falling between the two. The cast/forged (bar-rolled) bar
from Hoskins showed essentially the same yield strength as the sheet. The yield strength of the as-rolled
sheet is significantly higher than the annealed sheet up to 400°C. At 600°C, the difference in yield
strength between the cold-worked and annealed conditions is significantly reduced.

2. The ultimate tensile strength showed a clear distinction between the cast, hot-rolled, and cold-rolled
sheet. At room temperature, ultimate tensile strength of the cast ingot was the lowest followed by the
hot-rolled material and sheet. The cast/forged (bar-rolled) bar was lower in ultimate strength than the
sheet. The as-rolled sheet showed substantially higher strength than the annealed sheet. Except for the

o

(.
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Fig. 2. Plots of tensile properties as a function of test temperature for FAPY heat 899-21690:
(@) 0.2% yield strength, (b) ultimate tensile strength, (c) total elongation, and (d) reduction of area.

cast ingot, data for other products were well behaved for the entire test temperature range. The cast ingot
data showed an unusual trend with temperature in the range from room temperature to < 200°C, where
the cast ingot was tested in the brittle range [see the ductility data in Fig. 2(c-d)]. Some scatter in the
data for the cast ingot may also be due to the variability in grain size from specimen to specimen.

3. The total elongation plots show that the cast ingot has the least ductility at room temperature and
remains very low up to 150°C. It only increases to a reasonable level of 10% at 200°C. For the hot-

rolled plate, ductility was very low at room temperature but increased to 10% at 100°C, and matched the
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Fig. 3. Plots of tensile properties as a function of test temperature for FAPY heat 899-21689:
(a) 0.2% yield strength, (b) ultimate tensile strength, (c) total elongation, and (d) reduction of area.

sheet ductility at 200°C. The cast/forged (bar-rolled) bar processed at Hoskins showed low ductility at
room temperature, but it reached 20% at 100°C, which is nearly double the value for the plate hot rolled
at ORNL. The annealed sheet showed approximately 20% value at room temperature, with no trends of
brittle- (ductility of 51%) to-ductile (ductile defined as = 10% elongation) transition. The as-rolled sheet
with 40% cold-work showed values of 5% up to 600°C, where most of the cold-work appears to have
recovered. It should be noted that the reduction in ductility of the as-rolled sheet is a consequence of cold-

work (ductility exhaustion) and is different than the brittle-to-ductile trend observed for the cast and
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MICROSTRUCTURE

hot-worked conditions. At 800°C, the FAPY alloy is very ductile in cast, hot-worked, and colgioued
sheet. At 1000°C, the sheet approached the ductility values in the superplastic range (= 200%).

4. Thereduction of area plots in Figs. 2 and 3(d) show trends very similar to those described above for total
elongation with the exception that the brittle-to-ductile trends are clearer in these plots.

Optical microstructures of as-cast, cast and hot-rolled, and cold-rolled sheet are compared for heat
899-21690 of FAPY in Figs. 4 and 5. The microstructures in Fig. 5 are at low magnification, and those in
Fig. 5 are at high magnification. These photomicrographs show that processing refines the grain size. The
grain size (measured by line intersection method) of the cast ingot of 305 pm was reduced to 254 pm by hot-
forging and hot-rolling to 0.5-in.-thick plate. However, hot-rolling to 2.5 mm thickness followed by warm-
rolling at 600°C to 1.3 mm thickness and annealing at 800°C for 1 h followed by cold-rolling 40% to
0.76-mm thickness reduced the grain size to 13 pm (23 times finer than that of the cast ingot). The grain
refinement is due to recrystallization of warm- and cold-rolled sheet. The as-cast microstructure in the
photomicrographs also showed decoration of grain boundaries with precipitates and some particles in the

matrix, and hot-forging and hot-rolling removed most of the particles from the grain boundaries, with some

precipitates still present in the matrix.
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Fig. 4. Comparison of low-magnification optical micrographs of: (a) as-cast, (b) cast and hot-
worked, and (¢) cold-rolled FAPY samples of heat 899-21690. The grain sizes in three conditions are 305,
254, and 13 pm, respectively.
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worked, and (c) cold-rolled FAPY samples of heat 899-21690.
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Scanning electron microscope (SEM) analysis was carried out to determine the composition of the
precipitates. The back-scattered electron images for the cast, hot-worked, and cold-rolled sheet are compared in
Fig. 6. Two types of inclusions { !)right [higher atomic number (Z)] and gray in color [intermediate atomic
number (Z)]} were observed. Detailed compositional analyses at ten locations in the matrix and the particles
are shown in Table 2. Based on these semiquantitive analyses, the bright particles are primarily ZrC with a
very small amount of Fe and Y. The darker particles are highly enriched with Y and contain substantial
amounts of Fe, Al, Cr, and C. The atomic percentages of various elements suggest that the Y-containing
particles may be (FeCrC)3(AlY). The back-scattered electron images in Fig. 6 show that the ZrC- and
Y-containing particle sizes become smaller with hot- and cold-processing, but their total estimated amount by

area appears to remain nearly the same.

Table 2. Chemical analyses of matrix and precipitates? in the as-cast
sample of FAPY heat 899-21689

Fe Al Cr Mo iy Y C Total
Matrix
75.8b 15.0 5.5 1.1 0.0 0.0 2.6
84.6¢ 8.1 5.7 2.0 0.0 0.0 0.6 101.1
0.54 0.1 0.1 0.1 - - 0.2

High-Z Precipitates

3.8 0.3 0.4 0.4 42.5 0.4 52.1
4.6 0.2 0.4 0.8 83.6 0.9 13.5 104.1

2.7 0.2 0.2 0.2 3.6 0.7 0.2

Intermediate-